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ABSTRACT
Implementation of lightweight high manganese and aluminum steels for use in
high energy absorbing applications requires a detailed knowledge of how alloying
additions and impurities affect age hardening and high strain rate fracture properties.
Dynamic fracture toughness is an important design criterion but has not been reported
previously in these alloys. In addition, previous studies have shown that silicon and
phosphorus increased the strength and aged hardness; however, the mechanism was
unknown. This research mainly focuses on the effect of silicon and phosphorus on the
precipitation of κ-carbide and alloy partitioning during aging.
Short range ordering, SRO, of Fe-Al-C into relative atomic positions described by
the E21 superlattice structure preceded and occurred concurrent to spinodal
decomposition.

Short range diffusion of phosphorus increased the kinetics of ordering

resulting in a decrease in the time required for subsequent spinodal decomposition and an
increase the amplitude of carbon concentration with time. Silicon increased the strength
and hardness as a result of increased carbon partitioning into the κ-carbide during aging.
Dynamic fracture toughness was found to depend upon aluminum and carbon.
Increasing the amount of solid solution carbon increased the dynamic fracture toughness
in solution treated specimens. However, increasing carbon in aged specimens increased
the amount of κ-carbide and produced brittle fracture. Additions of aluminum from three
to nine weight percent decreased toughness regardless of the heat treatment.

Dynamic

fracture toughness was a strong function of AlN content. A good combination of high
strength and dynamic toughness with a corresponding density reduction of 10 to 12% is
obtained with aluminum additions between 6 and 7% and carbon below 1.2%.
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1. INTRODUCTION
Lightweight steels in the Fe-Mn-Al-C system show great promise as lightweight
foundry alloys for use in high energy absorbing applications when tightly controlled for
maximum cleanliness. The combination of high work hardening rates, high strengths,
and excellent ductility makes these steels very promising for both ballistic and
automotive applications. Howell et al.1 studied the mechanical properties of a cast Fe30Mn-9Al-1Si-0.9C-0.5Mo steel and determined that this composition meets the Army’s
MIL-PRF-32269 ballistic requirements and reduced the weight of P900 armor by almost
15%. Aged materials with a nominal composition of Fe-30Mn-9Al-1Si-0.9C-0.5Mo
have equivalent tensile properties as quench and tempered 4130 steel with an almost 15%
weight reduction.1 However, in the formerly mentioned study by Howell et al., only
variations in the silicon content of cast alloys with a base composition of Fe-30Mn-9Al1Si-0.5Mo were considered with regard to tensile properties.1 All compositions in the
following text are expressed in terms of weight percent unless specified otherwise.
Silicon is added to improve castability and silicon decreases the melting point by
30C°/wt.%Si.2 Adding silicon has additionally been reported to stabilize D03 and B2 iron
aluminide precipitation and to prevent or severely retard the precipitation of brittle β-Mn,
which is deleterious to impact toughness in age hardened materials.3 Increasing silicon in
cast alloys has been shown to increase the strength and hardness of aged alloys. Bartlett
et al. reported a 50 to 70 MPa increase in the yield and ultimate tensile strengths of a Fe30Mn-9Al-0.9C-0.5Mo alloy as the amount of silicon was increased from 1 to 1.56% Si.4
The exact mechanism by which silicon increases hardness and prevents β-Mn in these
steels is a subject of debate. Acselrad et al. reported that silicon increases the kinetics of
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zone formation during spinodal decomposition.3 Although no mention was made on the
composition of homogeneously precipitated κ-carbide, they proposed that silicon
partitions manganese from the austenite matrix into grain boundary κ-carbide during
aging, preventing β-Mn formation.3 In a later study by Acselrad et al., it was reported
that increasing silicon to 1.4% shifted the boundary for high temperature (< 700°C)
nucleation and growth of κ-carbide to shorter times and this was suggested to be the
result of silicon increasing the activity of carbon in solid solution austenite.6 An atom
probe tomography study of lamellar κ-carbide in a mostly ferritic Fe-1.2C-3.2Mn-10Al
(in at.%) steel by Seol et al.5, revealed that the κ-carbide was manganese rich. They
suggest that the partitioning of alloying elements in the κ-carbide is dependent on the
abutting phase and that manganese substitution for iron would make the κ-carbide harder
and stronger because of stronger bonding between Mn-C couples in comparison to Fe-C
pairs.5
Phosphorus sharply increases the aged hardness but in levels greater than 0.006%,
phosphorus can reduce the notch toughness by 80%.7 Ab initio calculations showed that
phosphorus substitutes for aluminum atoms in the κ-carbide structure and produces open
volume defects along <100> contributing to a 45% reduction in the cleavage stress.8
However, no direct evidence on the effect of silicon addition or impurities such as
phosphorus on the size, composition, and morphology of κ-carbide has been reported.
Most studies concerning mechanical properties of age hardenable lightweight steel have
centered around slight variations of the fully austenitic composition of Fe-30Mn-9Al-1Si0.9C-0.5Mo because at this composition these steels are almost 15% less dense and have
properties that are equivalent to or exceed that of Q&T 4130 castings.1,4 High strengths
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of up to 1000 MPa with total elongations of 35% and room temperature CVN breaking
energies greater than 135 J have been reported for aged low phosphorus (<0.007%P) cast
steels of the Fe-30Mn-9Al-1Si-0.9C nominal composition.4,7
Aluminum has been shown to decrease the work hardening rate in both wrought
and cast steels as evidenced by tensile tests.9,10 Lai et al.9 studied the tensile properties of
solution treated and quenched Fe-30Mn-0.8C alloys with regard to aluminum additions of
0, 5, and 8.5%. The results of are shown in Table 1.1. Increasing the amount of
aluminum to 8.5% slightly increased the 0.2% offset yield strength but decreased the
ultimate tensile strength by almost 200 MPa. Adding aluminum decreased the elongation
by 14% and decreased the amount of work hardening as determined by the difference in
the ultimate and yield strengths.

Table 1.1. Tensile properties of solution treated Fe-30Mn-0.8C alloys with different
aluminum contents as reported by Lai et al.9
Percent Al
UTS, MPa
YS, MPa
Elongation, %
Δσ, MPa
0
993
423
72
168
5
841
435
59
124
8.5
814
440
58
106

Chang et al. studied the effects of solid solution carbon content on the tensile and
fatigue properties of a wrought Fe-30Mn-9Al-(0.26-1.1)C steel.11 The results are shown
in Table 1.2. Increasing the amount of carbon in solid solution from 0.2 to 1.1%
simultaneously increased both the strength and ductility.11

4

Table 1.2 Tensile properties of a Fe-30Mn-9Al alloy as a function of solid solution
carbon content11
Percent carbon
UTS, MPa
0.2% YS, MPa
Total Elongation, %
1.06
888
552
59
0.60
786
390
51
0.26
784
472
35

There have been limited studies on the effect of aluminum and carbon on the high
strain rate fracture of these alloys. For a given composition, high strain rate fracture in
Fe-Mn-Al-C steels is mainly dependent on heat treatment and cleanliness.4 Age
hardening sharply reduces toughness and promotes both transgranular and intergranular
cleavage fracture which is associated with κ-carbide precipitation as well as precipitation
of grain boundary intermetallic phases.12 Notch toughness of high strength steel under
impact loading has traditionally been characterized by the CVN breaking energy, which
is only a qualitative measure of high strain rate toughness. To qualify lightweight FeMn-Al-C steels for high energy absorbing applications, knowledge of the high strain rate
fracture toughness, or dynamic fracture toughness, in the presence of a sharp crack is
desired.
There are two main objectives of this research. The effect of silicon and
phosphorus on the precipitation and composition of κ-carbide will be investigated
utilizing hardness measurements, transmission electron microscopy, X-Ray diffraction,
and 3-D atom probe tomography in order to understand the mechanism of increased
hardening with silicon and phosphorus content. Dynamic fracture toughness will be
evaluated with respect to composition, heat treatment, and cast cleanliness.
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2. LITERATURE REVIEW
Research in the development of Fe-Mn-Al-C steels began in the late 1950’s with the
work of Ham and Cairns.13 These early Fe-Mn-Al-C steels utilized aluminum with the
goal of improving corrosion resistance and providing a cost saving alternative to Cr-Ni
stainless steels. Aluminum also reduces the density, making Fe-Mn-Al-C steels 12-18%
lighter than traditional steels.14 The high manganese and carbon contents, which usually
range from 20 to 30% and from 0.7 to 1.2%, respectively, stabilize an austenitic matrix
with less than 15% δ-ferrite.1 In the solution treated condition, these alloys have
excellent ductility with greater than 80% true fracture strain and tensile strengths in the
range of 800 MPa.14,15 Alloys that contain greater than 5% aluminum and 0.3% carbon
are age-hardenable.1,13,16 In the age hardened condition, these lightweight steels display a
wide range of mechanical properties with recently recorded cast tensile strengths as high
as 1,085 MPa.1 Aged hardened wrought tensile strengths as high as 1,210 MPa have
been reported by Acselrad et al.17 In the solution treated and cold worked condition these
steels can reach strengths greater than 2 GPa.18 Notch toughness of Fe-Mn-Al-C steel
decreases with the precipitation of -carbide during age hardening. Solution treated notch
toughness values as high as 220 J/cm2 at room temperature were reported for a cast Fe30Mn-9Al-0.9C-1Si-0.5Mo steel with less than 0.007% P.7 Aging produces a reduction
in notch toughness and a tendency toward brittle fracture by cleavage. The room
temperature Charpy V-notch (CVN) impact energy decreased to 115 J/cm2 for the
formally mentioned steel that was aged for 10 hrs at 530° C. Although these steels will
undergo a ductile to brittle transition, an average Charpy impact energy of 39 J/cm2 at 40° C is obtainable in the aged condition with phosphorus contents of 0.006% or below.7
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Thus, the mechanical properties and especially the toughness associated with lightweight
steels in the Fe-Mn-Al-C system are a function of age hardening. The following is a
literature review of age hardening in the Fe-Mn-Al-C system and the effect of variables
such as composition and heat treatment on toughness.
2.1. AGE HARDENING
Fe-Mn-Al-C steels with greater than 5% Al and 0.3% C are age hardenable when
heat treated in the range of 400 to 700°C.16 During aging, the increases in strength are
the result of homogeneous and coherent precipitation of nano-sized κ-carbide.3,6,15,19 κcarbide, (Fe,Mn)3AlCx, has the E21 crystal structure in which aluminum occupies corner
positions, iron and manganese occupy face positions, and carbon is at the body center
interstitial octahedral site.1,6,20 κ-carbide is known to have a cube orientation relationship
with the austenitic matrix with <100>κ//<100>γ and {001}κ//{001}γ3,15,19,21,22
The first step in the age hardening process is solution treatment. Solution
treatment is performed to dissolve any carbide that may be present in the as-cast alloy in
addition to reducing or eliminating ferrite in the microstructure. Goretskii and Gorev
studied the structure and equilibrium phase constitution of Fe-(20-25)Mn-10Al-(0.41.4)C alloys.23 They determined that for compositions of Fe-30Mn-10Al-(0.9-1.2)C,
isothermally holding at a temperature above 900° C produced a fully austenitic
microstructure.23 However, most researchers have used a solution treatment temperature
of greater than 1000° C with holding times of 2 hrs or greater for better
homogenization.1,4,6,16,19,21,24
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Solution treatment is followed by a rapid water or high pressure gas quench. FeMn-Al-C steels have similar quench sensitivity as age hardenable aluminum alloys and a
rapid quench is necessary to prevent heterogeneous κ-carbide precipitation on grain
boundaries that would lead to a commensurate loss in notch toughness. Howell7 studied
the quench sensitivity of a Fe-30Mn-9Al-1Si-0.9C-0.5Mo alloy and found that reducing
the cooling rate increased both matrix and dendrite boundary precipitation and this was
correlated to an increase in the quenched hardness and a decrease in the room
temperature notch toughness. Howell7 found that phosphorus had the greatest influence
on notch toughness in solution treated alloys and that increasing the amount of
phosphorus from 0.006% to 0.07% P decreased the room temperature notch toughness
from 190 to less than 35 J for specimens quenched in water corresponding to the
maximum cooling rate of 337 °C/s.
Subsequent age hardening is typically performed in the temperature range of 400
to 700° C.16 Acselrad et al.6 performed a comprehensive study of phase transformations
in a Fe-28Mn-8.5Al-1C-1.25Si. They determined that homogenous precipitation of κcarbide occurred via spinodal decomposition of the austenite matrix before heterogeneous
grain boundary precipitation at temperatures below 700° C.6 For temperatures greater
than about 700° C, the system shifts such that higher concentrations of carbon and
aluminum are soluble and precipitation of κ-carbide occurs by a mechanism of
nucleation and growth with discontinuous precipitation of κ-carbide occurring over grain
boundaries for isothermal holds greater than about an hour.6 Hale and Baker19 in their
study of a Fe-30Mn-8Al-1C steel report both fine grain boundary κ-carbide precipitates
and precipitate free zones developing during aging after only 30 min at 600° C.
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To avoid widespread grain boundary precipitation and a reduction in mechanical
properties, most researchers have used an aging temperature of 550° C or below.1,4,7,12,25
Both Hale and Baker19 and Kayak16 suggest that the optimum aging treatment for alloys
of composition Fe-(25-30)Mn-(8-10)Al-1C resulting in high strength and good ductility
with strengths in the range of 830 to 1050 MPa and elongations of 10 to 25% can be
achieved by aging for 16 hrs at 550° C. In their study of a cast Fe-30Mn-9Al-(1-1.6)Si0.9C-0.5Mo ( < 0.003% P) alloy, Bartlett et al.4 used a lower aging temperature of 530° C
to obtain strengths as high as 1000 MPa with total elongations of up to 30% for
specimens aged from 20 to 60 hrs.
There is some ambiguity in literature as to the exact stages leading to the
formation of κ-carbide. It is generally accepted that first stage hardening in Fe-Mn-Al-C
alloys is the result of compositional modulation that is accomplished by spinodal
decomposition into carbon rich17,22,26,27 or carbon and aluminum rich3,6,15,21 and depleted
zones followed by ordering of carbon and aluminum into the E21 κ-carbide structure. The
initial precipitates are cuboidal, but with continued aging the -carbide coarsens into
elongated rectangular prisms along austenite <100>. Han and Choo25,28 studied the
homogenous precipitation of κ-carbide in Fe-33Mn-8Al-0.9C alloys and reported the
precipitation sequence to be compositional modulation of carbon, followed by ordering of
aluminum into a metastable L12 superlattice structure, and subsequent precipitation of
equilibrium κ-carbide with the L’12 structure. It should be noted that L’12 is the
nomenclature used by some studies to describe the ordered κ-carbide structure and it is
identical to the E21 structure. Ferrite and β-Mn precipitation at grain boundaries was
observed after extended aging times.25,28
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In contrast, Sato et al.21 studied phase transitions in Fe-(30-34)Mn-(11.8-4.9)Al-(0.51.0)C alloys and determined that spinodal decomposition involving carbon and
aluminum was the initial decomposition stage followed by concurrent ordering of
aluminum and carbon into the L’12 κ-carbide structure. Other studies have observed L’12
superlattice reflections in the as-solution treated and quenched state suggesting the
carbon and aluminum ordering takes place previous to all other stages of
decomposition.6,29,30 Choo et al.29 studied austenite decomposition in a Fe-30Mn-7.8Al1.3C steel and reported the presence of superlattice reflections in the as-quenched state.
Sidebands around main austenite reflections, which are an indication of spinodal
decomposition, were not observed until after 10 min of aging at 550° C.29 Additionally,
in a study by Karakishev et al. evidence was shown of E21 superlattice reflections in an
as-quenched Fe-29Mn-9.3Al-0.95C-0.71W-0.42Nb-0.37Mo steel and using nuclear
gamma resonance methods, they showed SRO of aluminum in solution treated
austenite.31 It has been suggested that short range ordering is responsible for the absence
of an incubation time during the first stage of age-hardening (spinodal decomposition).6
Additionally, work by Medvedeva et al.32 shows by first principles calculations that
ordering of Fe-Al-C corresponding to the E21 structure is energetically favorable in solid
solution austenite. In another study, Prodhan and Chakrabarti33 utilized XRD and
electron microscopy to study Fe-30Mn-(5-10)Al-(1.5-1.7)Si-(0.91-2.7)C cast alloys aged
from 500 to 800 C.
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They reported several peaks in hardening curves and concluded that precipitation took
place first by ordering into a L12 Fe3Al superlattice followed by carbon ordering and
precipitation of -carbide. Later stages consisted of coarsening of -carbide along <100>
with precipitation of a Mn12Si7Al5 intermetallic on grain boundaries. Prodham and
Chakrabarti make no mention of spinodal decomposition.33
The kinetics of κ-carbide precipitation in Fe-Mn-Al-C alloys have been studied by
a number of researchers. Sato et al.21 studied the kinetics of the growth of the wavelength
of spinodal decomposition in a Fe-30Mn-9Al-0.9C (0.016P) alloy utilizing XRD and
electron diffraction. They determined an activation energy of 180 kJ/mol for the growth
of the modulated structure, which they attributed to an average activation energy based
upon the diffusion of both carbon and aluminum during spinodal decomposition. The
growth of the wavelength of the modulated structure during spinodal decomposition was
shown to fit a coarsening model according to the following.

(1)

Where λ0 is the initial wavelength and λ is the wavelength at a time t. The parameter k is
a constant and n is the scaling constant. Sato found a value of n between 3.4 and 4.8.
The hardening rate, however, was found to be a function of the compositional amplitude
during spinodal decomposition which was associated mainly with diffusion of carbon.21
In a previous study by Sato et al.34 they showed that the increase in strength and hardness
in Fe-Mn-Al-C alloys during aging is related to the increase in the amplitude of the
carbon concentration which increases the strain amplitude as a function of time. This can
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be explained by the theory of spinodal hardening by Kato et al.35 who considered the
increase in strength during aging to be the result of coherency stress associated with the
growth in the composition amplitude.
Choo et al.29 studied the kinetics of austenite decomposition in a Fe-30Mn-7.8Al1.3C steel aged for up to 4 months at 550° C. During the early stages of aging
corresponding to times less than 100 min at 550° C, the κ-carbide particles were smaller
than 2 nm and consisted of ordered zones.29 Ordered zones coarsened into cuboids with
periodic spacing along <100> having an average wavelength of 8-12 nm after 180 min at
550° C.29

They reported that the growth of the modulation wavelength with aging time

fit the same coarsening model as previously used by Sato et al.21 Choo et al.29 used
electron diffraction during the early stages of spinodal decomposition to determine an n
value of 4.6 while later stages of aging for times greater than 100 min were characterized
utilizing x-ray diffraction with a corresponding n value of 2.6. They attributed first stage
slow growth of the wavelength to an increase in the size of the spinodally decomposed
zones and particle coalescence. This is followed by an increase in the growth rate of the
wavelength after 100 min that was the result of coarsening along <100> directions with n
values approaching 3.29 An n value less than 3 (2.6) was attributed to preferential
coarsening along <100> directions. During later stages of aging, the elastic misfit
between the κ-carbide and the matrix reached up to 2% and after more than 33 days of
aging at 550° C, the κ-carbides coarsened into plates with habit planes parallel to
{100}.29
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Silicon is one of the most common alloying additions to Fe-Mn-Al-C alloys and is
generally added to improve castability.2 Most importantly, adding silicon has been
reported to prevent or severely retard the precipitation of β-Mn, which is brittle and
deleterious to impact toughness in age hardened materials.3 β-Mn is reported to
precipitate on grain boundaries in the temperature range of 550 to 750°C in alloys
without silicon.36 Increaseing the silicon content from 1.0 to 1.4% in a alloy of nominal
composition Fe-30Mn-9Al-0.9C-0.5Mo has also been shown by Howell et al.1 to increase
the strength and hardness during aging at 530° C. Acselrad et al. used resistivity
measurements to characterize phase transformations in a Fe-28Mn-8.5Al-1C-1.25Si steel
and suggested that silicon increased the rate of zone formation during spinodal
decomposition.3 They additionally proposed that silicon partitions manganese from the
austenite matrix into the κ-carbide during aging and experimental evidence was presented
that grain boundary carbides were enriched in Mn.3 It was suggested based upon these
observations that after sufficient aging times the austenite was depleted of enough
manganese to prevent β-Mn precipitation and D03 or B2 iron aluminide phases formed
instead.3 Acselrad determined the lattice parameter of the D03 phase to be 5.86 Å.6 Tan
et al.37 report that silicon additions favor the formation of D03 iron aluminide and D03
was reported in the as-quenched state in a Fe-10Al-30Mn-1.2Si-0.5C steel. Chu at al.38
studied the growth kinetics of κ-carbide in a Fe-30Mn-10Al-1C-1Si alloy aged at 550 and
700° C. They found that the kinetics fit a coarsening model with an activation energy of
196 kJ/mol that was correlated to the activation energy of bulk diffusion of carbon in
austenite.
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Chu at al. attributed the uncharacteristically high activation energy to elastic effects and
strain energy interactions between the particles and the matrix reducing the driving force
for coarsening.38 The composition of extracted -carbides were determined to be 50Fe30Mn-20Al (at.%) which was close to matrix chemistry of 54Fe-27Mn-19Al (at.%), but
rich in Mn when compared with matrix.38 Additional evidence that silicon influences
manganese partitioning comes from a study by Chao et al. who reported manganese rich
grain boundary κ-carbides in a Fe-28.6Mn-9.8Al-0.8Si-1.0C steel after aging for greater
than six hours at 600°C.39 The concentration of manganese in the κ-carbide was
determined by energy dispersive X-ray spectroscopy (EDS) to be 46.5 wt.%, which was
almost 18% more manganese than the austenitic matrix composition.39 Manganese rich
grain boundary κ-carbides were also observed in a Fe-8Al-31.5Mn-1.05C alloy without
silicon addition.40 Interestingly, β-Mn was not observed, even after extended aging for 24
hours at 550°C.39 In a later study by Acselrad et al., it was reported that increasing
silicon to 1.4% shifted the boundary for nucleation and growth of κ-carbide to shorter
times and this was suggested to be the result of silicon increasing the activity of carbon in
solid solution austenite.6 Acselrad et al. used EDS analysis to determine a manganese
content of 47wt.% for the grain boundary κ-carbides, which was well above the
concentration of matrix manganese at 28wt.%.6

Most recently, Seol et al. have utilized

LEAP to study the composition of a lamellar structure of κ-carbide and ferrite in a Fe1.2C-3.2Mn-10Al (in at.%) steel.41 These κ-carbides were also found to be manganese
rich with an aluminum concentration that was close in composition to the adjoining
ferrite. They suggest that manganese substitution for iron would make the κ-carbide
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harder and stronger because of stronger bonding between Mn-C couples in comparison to
Fe-C pairs.41
In conclusion, most sources agree that precipitation of κ-carbide is the result of
first stage spinodal decomposition of the austenite into carbon or carbon and aluminum
rich and poor zones. Ordering into the E21 κ-carbide structure takes place within the
zones concurrently or immediately after spinodal decomposition. Initially, κ-carbides
consist of a high density of ordered zones. With time, coarsening of the κ-carbides
results in a cuboidal morphology with periodicity along austenite <100>. Silicon
increases the strength and hardness of Fe-Mn-Al-C alloys during aging and prevents or
retards β-Mn formation; however, the mechanism for this is unknown. The most popular
theories suggest that silicon partitions manganese into the κ-carbide during aging or that
silicon increases the activity of carbon in solid solution austenite and increases the
kinetics of zone formation.
2.2. DEFORMATION MECHANISMS
Deformation behavior in high manganese austenitic steels is reported to depend
mainly on the stacking fault energy, SFE. TRIP is associated with ε-martensite
formation, which can act as a nucleus for α’-martensite during deformation of unstable
austenite with SFE less than 12 mJ/m2.41 ε-martensite formation is reported for SFE
below 18 mJ/m2 and mechanical twinning is reported for SFE between 12 and 35
mJ/m2.42 TWIP and TRIP in austenitic manganese steels is reported to be responsible for
the simultaneous enhancement of strength and formability.43 Dumay et al.41 determined
the influence of alloying elements on the stacking fault energy in the Fe-Mn-C system
and showed that aluminum had the greatest effect on increasing SFE.
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Tian et al. studied the effects of aluminum on the work hardening behavior of a solution
treated Fe-25Mn-(0.57-5.02)Al-0.15C alloy.44 They found that increasing the aluminum
content decreased both the work hardening exponent and the work hardening rate. The
work hardening exponent decreased from 0.89 to 0.76 as the aluminum content increased
from 0.57 to 5.02% Al and mechanical twinning and ε-martensite formation was
suppressed. Frommeyer et al. calculated the stacking fault energy of Fe-28Mn-12Al1.2C steel to be 110 mJ/m2.14 Howell et al.1 reported a SFE of 100 mJ/m2 for a Fe-30Mn9Al-(1.0-1.4)Si-0.9C steel. Dumay et al.41 show that silicon also increases SFE for
additions up to 4 wt.%, but silicon decreases SFE in amounts greater than 4 wt.%. It is
traditionally accepted that the deformed microstructure of FCC alloys with low SFE
exhibits a planar array of dislocations while dislocation cell formation is observed during
the deformation of FCC materials with high SFE. Recently, Park et al.45 reported planar
glide is dominant during deformation of fully austenitic high Mn steels with relatively
high SFE over 70 mJ/m2. The effect of Al on the plastic deformation of a fully austenitic
Fe-22Mn-(0-6)Al-0.6C steels with SFE between 20 and 50 mJ/m2 was studied by Park et
al.30 It was determined that the dominant deformation in all of the steels was planar glide
before the occurrence of mechanical twinning and this tendency became more evident
with increasing SFE. It was thus determined that SFE is not a critical material parameter
in determining the glide mode.30 The occurrence of planar glide in high SFE austenitic
manganese steels has been reported by several authors to be the result of “glide plane
softening” associated with short range ordering in solid solution.30,46,47 Short range
ordering of Fe-Al-C clusters with spatial distribution described by the E21 superlattice
structure in a solution treated Fe-28Mn-9Al-0.8C was also reported by Park et al.30
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Dastur and Leslie48 showed that the principal mechanism of rapid work hardening
in Hadfield steel was dynamic strain aging caused by the interaction of Mn-C couples
with dislocations. Additionally, Medvedeva et al.32 used first principles calculations to
show that the binding energy between Mn-C pairs was strongly attractive and increased
from 29 to 85 meV as the amount of manganese was increased from 3 to 6 at.%. Addition
of Al to Hadfield’s steel was shown to shift dynamic strain aging to higher temperatures
and Zudiema et al. concluded that Al decreased the diffusivity of carbon.46
Correspondingly, a first principles study of aluminum in an Fe-30Mn-XC alloy showed
that the most energetically favorable positions of aluminum and carbon in austenite
corresponded to the E21 perovskite structure of Fe3AlC structure of κ-carbide.32 They
found that short range order in Fe-Al-C alloys strongly decreases the energy barrier for
the nucleation of dislocations but does not increase SFE. They show that short range
ordering in Fe-Al-C alloys strongly reduces the energy barrier for the nucleation of
dislocations and suggest that this is the mechanism behind glide plane softening.32
2.3. FRACTURE BEHAVIOR
The effects of age hardening on (Charpy V notch) CVN toughness of a Fe-30Mn8Al-1C alloy were first investigated by Hale and Baker.19 In the solution treated
condition, the room temperature breaking energy was 206 J which decreased to 106 J at 196°C. The fracture surface of the solution treated specimens tested at -196°C showed
regions of transgranular brittle cleavage and this was suggested to be the result of crack
nucleation at the intersection of deformation twins within the FCC matrix at low
temperatures.
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After aging for 6 hrs at 550° C, the toughness reduced to less than 10 J for specimens
broken at room temperature. Aged specimens failed in a brittle intergranular manner.
The reduced breaking energy and intergranular mode of fracture was attributed to brittle
grain boundary precipitation at extended aging times.19 Additionally, Howell showed
that Charpy specimens of a Fe-30Mn-9Al-1Si-0.9C (0.006% P) steel that was aged for 10
hrs at 530° C displayed behavior consistent with a material that undergoes a ductile to
brittle transition with a lower shelf energy of 39 J and an upper shelf energy approaching
120 J for specimens tested in the temperature range of -40 to 25° C.7
Howell et al.7 studied the simultaneous effects of quench rate from solution
treatment and phosphorus content on the CVN toughness of a cast 30Mn-9Al-1Si-0.9C
alloy.7 Results showed that decreasing the cooling rate from 337 °C/s to 0.4 °C/s
decreased the room temperature notch toughness from 190 J to 137 J for solution treated
specimens with low phosphorus, 0.006% P. The strongest factor influencing notch
toughness was the effect of tramp amounts of phosphorus. Phosphorus was found to
segregate to the grain boundaries and promote a hard and brittle phosphide eutectic phase
which was detrimental to notch toughness. For specimens with high phosphorus, 0.07%
P, increasing the cooling rate from 0.4 to 337 °C/s during the quench increased toughness
from 5 to 32 J at room temperature. Thus, for specimens quenched in water at the fastest
cooling rate of 337 °C/s, increasing the amount of phosphorus from 0.006 to 0.07% in the
same nominal composition alloy led to a 150 J reduction in the breaking energy from 180
to 30 J.7 Aging also leads to a sharp decrease in notch toughness and the 0.006% P alloy
was shown to have a reduction in toughness from 180 J to 120 J for specimens aged for
10 hrs at 530° C to a hardness of 305-310 BHN.7
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In comparison, high phosphorus specimens with greater than 0.04% P that were aged for
10 hrs at 530° C had much higher hardness values, greater than 340 BHN, than low
phosphorus (<0.006 % P), less than 310 BHN.
Medvedeva et al.8 used first principles calculations to show that phosphorus
substitution of aluminum corner positions in the κ-carbide structure is energetically more
favorable than in face positions or substitution in the matrix austenite as shown in Table
2.1. They show that phosphorus substitution may be responsible for the embrittling
mechanism during aging in high phosphorus specimens. Under the application of stress
the P substitution produces open volume defects along <100> which may contribute to
nearly a 50% reduction in the cleavage stress of the κ-carbide as shown in Figure 2.1.8

Table 2.1. Phosphorus substitution in Fe3AlC: solution enthalpy ΔHs, lattice parameter a,
and distances between P and the nearest Fe (RFe-P) or C atoms (RC-P).8
ΔHs, eV
A, Å
RFe-P, Å
RC-P, Å
Fe3AlC: PFe
2.40
3.758
2.66
1.96
Fe3AlC: PAl
0.67
3.752
2.58
Fe3AlC: PC
1.22
3.797
2.02
γ-Fe: PFe
2.43
6.621
2.53
γ-Fe: Pint
5.21
3.654
2.07

Schulte et al.49 showed that phosphorus mitigation in a Fe-30Mn-9Al-1Si-0.9C0.5Mo steel is possible using additions of Ca and rare earth additions in the form of
misch metal.

The Ce and La in the misch metal additions tied up the phosphorus as

complex rare earth inclusions prior to solidification and increased the -40° C breaking
energy from 22 to 38 J for specimens aged to a hardness in the range of 320 BHN.
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(a)
(b)
Figure 2.1. (a) The (101) projection of the relaxed κ-carbide structure showing a relaxed
structure in the vicinity of aluminum substitution by phosphorus. (b) Cleavage energies
GC(x) (solid line), cleavage stress σ(x) (dotted line) versis cleavage separation in Fe3AlC
and Fe3(Al,P)C.8

Notch toughness was a strong function of aluminum nitride content and aged specimens
with more than 40 AlN particles/mm2 had -40° C breaking energies less than 25 J. In
contrast, using a teapot style ladle for pouring the castings reduced the amount of AlN to
less than 10 particles/mm2 and improved the -40° C breaking energy to almost 40 J.49
However, adding more than the required amount of cerium needed to tie up phosphorus
can also be detrimental to both notch toughness and ductility. Bartlett et al.50 studied the
effects of cerium addition on a nominal Fe-30Mn-9Al-1Si-0.9C-0.5Mo composition alloy
with high phosphorus, 0.03% P. It was determined that increasing the amount of cerium
addition from 0.01 to 0.052 produced a brittle Laves phase corresponding to (Ce,La)Si2
with a commensurate reduction in room temperature notch toughness from 214 J to 90 J
in solution treated specimens and from 92 to 26 J at room temperature for specimens
aged for 22 hrs at 530° C to a hardness in the range of 300 BHN.50
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The fracture toughness of high strength steel can be characterized by either a
stress intensity or a J-integral approach to fracture mechanics. For materials with low
toughness and failure by cleavage fracture, there is restricted plastic deformation around
the crack tip and thus linear elastic fracture mechanics (LEFM) can be used to evaluate
toughness .51 Toughness is then determined as a critical stress intensity factor, KIc. For
sufficiently ductile materials, such as austenitic Fe-Mn-Al-C steels, failure is governed by
the flow properties around the crack tip and the LEFM approach is no longer valid.51
There will be extensive plastic deformation and the material will exhibit crack tip
blunting. In the formerly mentioned case, an elastic-plastic fracture mechanics (EPFM)
approach is required and the fracture behavior can be best described by the path
independent J integral, which is equivalent to the energy release rate in elastic-plastic
materials.51 The fracture toughness of ductile materials, JIc, is defined as the critical value
of J near the onset of stable crack growth.52
In both of the above determinations of fracture toughness, the material is assumed
to be under quasistatic loading conditions of less than 2 MPa√m/s.53 A material’s
resistance to fracture is often dependent on the loading rate; thus, the static JIc may not be
representative of material behavior at high loading rates.

Instrumented Charpy impact

tests provide a reproducible way of measuring the time dependency of force and crack
displacement at elevated loading rates; and thus, provides a means of measuring DFT.
Schindler54 has proposed a method of determining toughness from instrumented Charpy
impact tests that is based on the crack tip opening displacement (CTOD) and crack tip
opening angle (CTOA) models of crack nucleation and growth. This results in an
algebraic expression for the dynamic J-R curve from which J1d can be evaluated in an
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analogous way to the determination of JIc.52 This method is a single specimen approach
with experimental inputs of the peak load (Pmax), the energy up to peak load (Emax), and
the total facture energy (Etot), which are easily determined from the instrumented Charpy
results. The Schindler54 method has been used by several authors to determine the
dynamic fracture toughness of high strength steels.55-58 Appendix I gives an abbreviated
description of the test procedure, a more complete description of may be obtained from a
reading of Schindler54, ASTM E 182053, and ASTM E 81352.
Toughness also depends on the loading rate. Elevated loading rates tend to
elevate the flow stress. The effect of flow stress on fracture toughness is a function of the
failure mechanism. High strain rates promote cleavage fracture, which is stress
controlled.51 Steels whose fracture mechanism is strain controlled will often show an
increase in toughness as the loading rate is increased.51 An austenitic matrix and high
work hardening rates, which are characteristic of Fe-Mn-Al-C steels, contribute to high
energy absorption rates under impact loading.14 Saxena et al.59 calculated a value of
187kJ/m2 for the quasi-static fracture toughness, JIc, of a hot rolled Fe-17Mn-3Al-0.45C0.5Cr-0.5Ni steel. The apparent fracture toughness, KA, of a Fe-28Mn-8.5Al-1C-1.25Si
steel was evaluated by Acselrad et al.12 as a function of heat treatment and by using
instrumented Charpy tests. In the solution treated condition, the alloy had an appreciably
high toughness of 330 MPa√m (527 kJ/m2) at room temperature. After aging at 550ºC
for 15 hrs, the toughness decreased to 84 MPa√m, (34 kJ/m2).12 In addition, Acselrad
observed cleavage-like fracture in aged specimens marked by linear striations in three
different directions along the cleavage facet surface. Cleavage fracture in FCC alloys has
been explained by microcrack nucleation and growth at the intersections of deformation
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twins59, microcrack formation caused by epsilon martensite plates60, or by “slipping-off”
of slip planes with a high density of dislocations.61-63 In the later fracture mechanism,
slip band cracking is facilitated by planar slip which can be produced by short range
ordering or shearable precipitates.63 In the “slipping-off” mechanism, a slip band
develops and glide plane softening associated with short range ordering can make
activation of a secondary slip system difficult. Shear strain accumulates within the
narrow slip band. Dislocation induced defects weaken the band to the extent that the
tensile component of the force on the band can cause separation along <111> slip
planes.63 This type of cleavage-like fracture has been observed at low temperatures in
nitrogen bearing (17-18%) Cr and (13-18%) Mn steels61-63 and was attributed to SRO of
nitrogen producing a glide plane softening effect. Deformation twinning and epsilon
martensite was not observed by Acselrad et al.12 and the cleavage-like fracture of the Fe28Mn-8.5Al-1C-1.25Si alloy was thus attributed to “slipping-off” along the slip plane in
aged specimens where the deformation mechanism was by planer slip. Although
cleavage fracture was not reported in all aged specimens, fracture by the “slipping-off”
mechanism it was suggested, but not proven to be the result of hardening of the matrix
from a high density of fine, <10 nm, and closely spaced κ-carbide.12
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ABSTRACT
An investigation of the age-hardenable Fe-30%Mn-9%Al-1%Si-0.9%C-0.5%Mo
cast alloy has shown that small increases of phosphorus, 0.001 to 0.043 wt.%, produced
an increase in hardness during age hardening in the temperature range of 530- 600°C
(986 -1112°F). As the phosphorus level increased, the time to achieve peak hardness was
also found to decrease by 50% and 60% for specimens aged at 530°C and 600°C,
respectively. Kinetic analysis determined that phosphorous lowers the activation energy
for the precipitation of -carbide, (Fe,Mn)3AlC, by 120 kJ/mol as the phosphorous level
is increased from 0.001 to 0.018 wt% and above. Calculated time temperature
transformation (TTT) diagrams and comparison with kinetic data in literature suggests
that phosphorus increases enthalpy of mixing for austenite and accelerates the initial
spinodal decomposition. Phosphorous was also found to segregate to interdendritic areas
and promote both the precipitation and growth of the -carbide on grain boundaries. The
effects of silicon content on the aging characteristics at 530°C were also studied. As the
amount of silicon was increased from 0.59 to 1.56 wt%, hardness increased an average of
34 BHN (Brinell Hardness number) for all aging times up to the peak aged condition.
Increasing the amount of silicon is believed to increase the hardness of -carbide by
displacing manganese from the austenite matrix into the κ-carbide.
INTRODUCTION
Lightweight and high strength austenitic manganese steels are currently being
produced and evaluated as suitable material for cast P900 armor plate.1 These alloys are
in the Fe-Mn-Al-C system and are also being researched for structural applications
because they offer a 12-15% weight reduction below that of traditional steels without
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sacrificing mechanical properties. 2,3,4 Alloy chemistries that contain between 20 to 30
wt% Mn, 5 to 11 wt% Al, and 0.3 to 1.0 wt% C are age-hardenable.5,6,2 All percentage
values that appear in the following text are expressed in weight percent unless otherwise
stated. In the as-cast and solution treated condition, the microstructure consists of an
austenite matrix, which is supersaturated with carbon and aluminum and may also
contain up to 15% of interdendritic δ-ferrite.5,7,8 In the solution treated condition, these
alloys also exhibit excellent ductility with reported elongations of up to 70% and ultimate
tensile strengths in the range of 800 MPa.3 Upon aging in the temperature range of 350
to 700°C (662 to 1292°F), strength is greatly improved by the homogeneous precipitation
of nano-sized κ-carbide, (Fe,Mn)3AlC, within the austenite matrix.3-12 κ-carbide has the
E21 perovskite crystal structure.5,12 Recently, Howell et al. recorded tensile strengths as
high as 1085 MPa in a cast Fe-29Mn-8Al-1.4Si-0.9C-0.5Mo alloy aged 30 hours at
530°C.5
It is generally agreed that the precipitation of κ-carbide commences with an initial
spinodal decomposition of the austenitic matrix into carbon and aluminum rich and poor
zones.4,8-10,13-15 Upon further aging, a fine distribution of 20-30 nm sized κ-carbides form
by ordering of the carbon and aluminum rich austenite. A cube on cube orientation
relationship is observed. Extended aging times will produce a plate morphology where
the κ-carbide plate is oriented along the <100> austenite.11,16 Over aging will produce βMn and a loss of tensile ductility and notch toughness.10 In silicon containing alloys, over
aging produces intermediate compounds of B2 or D03 or both.10
Silicon is added to FeMnAlC alloys to lower the melting point, increase fluidity,
and most importantly, to prevent the formation of brittle β-Mn during aging.17,10 The
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effects of silicon on the age hardening of an Fe-29Mn-8Al-XSi-0.9C-0.5Mo alloy have
been recently studied by Howell et al.5 It was demonstrated that as that amount of silicon
was increased from 1.0% to 1.4%, the peak hardness increased from 372 to 384 BHN.
Peak hardness was achieved after 30 hrs at 530°C and was independent of the silicon
content. Also, the hardness was found to be higher for the 1.4% Si alloy for every aging
time tested. However, it should be noted that these alloys were also high in phosphorus,
0.06% P; and, the effects of phosphorus on the age hardening characteristics of this alloy
system have not yet been assessed. In the current study, an effort has been made to
separate the effects of phosphorous and silicon on the age hardening response of a cast
Fe-30Mn-9Al-XSi-0.9C-0.5Mo alloy.
EXPERIMENTAL PROCEDURE
To investigate the effects of phosphorus, four plates were cast with a nominal
chemistry of Fe-30%Mn-9%Al-1%Si-0.9%C-0.5%Mo utilizing foundry grade alloys.
All heats were prepared in an induction furnace under argon cover. Horizontal plate
molds were prepared from phenolic no-bake olivine sand. The thickness of the plates
measured between 1.5 and 1.9 cm (0.59 and 0.75 in.). Two of the plates were prepared
from heats utilizing electrolytic manganese and were calcium treated during steelmaking.
The other two plates were prepared from heats utilizing ferromanganese without any
calcium additions.

All chemical analyses were performed by ion coupled plasma

spectrometry after sample dissolution in perchloric acid. Chemical compositions are
listed in Table 1. The phosphorus levels were found to be 0.001 and 0.006% in the
calcium treated heats using electrolytic manganese and 0.018 and 0.043% in the heats
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prepared with ferromanganese. The ferromanganese used will contribute as much as
0.018% phosphorous if fully recovered during steelmaking.

Table 1. Chemistry Data, in Weight Percent, for Samples of Different Phosphorous
Contents.
C
Mn
P
S
Si
Mo
Al
Fe
0.90

30.40

0.001

0.006

1.07

0.53

8.83

58.2

0.89

30.20

0.006

0.001

1.01

0.31

8.85

58.7

0.94

28.22

0.018

0.018

1.16

0.34

6.64

62.7

0.94

29.10

0.043

0.006

0.92

0.33

8.28

60.0

Each cast heat was sectioned into approximately 8×10 cm (3.15×4.0 in.)
rectangular plates, solution treated for two hours ± 5 min at 1050°C ±5C°, and then water
quenched. The plates were then ground flat and parallel per ASTM E18 in preparation
for later hardness measurements. Each solution treated plate was then sectioned into 0.8
to 1.0 cm (0.32 to 0.40 in.) thick rectangular specimens. One specimen was retained
from each heat to represent the solution treated condition. The other samples were
separated by phosphorous content and aged at 530, 550, 570, and 600°C (986, 1022,
1058, and 1112°F). A Sentry Model “AL” salt pot furnace was used to conduct all aging
experiments. Samples isothermally held at 530 to 570ºC were aged in a solution of 50%
KNO3 and 50% NaNO3. Samples aged at 600°C were held in BaCl. The salt bath
temperature was verified periodically during heat treatments by external thermocouple to
be within ±3C° (±5.4F°) of the process temperature.

28

Upon removal from the furnace, the individual specimens were quenched in water
and any residual salt was removed. The surface was then lightly ground to insure a clean
surface for hardness measurements.

Hardness measurements were taken using the

Rockwell B and C scales and subsequently converted to a corresponding BHN (3000 kg
load). All hardness values reported are representative of an average of 10 measurements
and the reported uncertainty is reported as sample standard deviation. Metallographic
specimens were prepared using standard practices and etched with 2% nital.
Microstructural analyses were conducted by optical microscopy using a differential
interference contrast technique, as well as utilizing a Hitachi S570 scanning electron
microscope (SEM).
In order to separate the effects of silicon from phosphorus, three low-phosphorus
heats were prepared in an induction furnace with a nominal chemistry of Fe-30%Mn9%Al-0.9%C-0.5%Mo. These heats were produced with silicon contents of 0.5, 1.0, and
1.5% Si. To insure maximum cleanliness, all heats were melted under argon cover, triple
calcium treated, and argon stirred. The resulting melt was cast into phenolic nobake
silica sand molds in a similar manner as above. A zircon wash was applied to the molds
to prevent reaction of the manganese with the silica sand. The chemistries of the Si
modified material are listed in Table 2.
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Table 2. Chemistry Data, in Weight Percent, for Samples of Different Silicon Contents
Si

C

Mn

P

S

Mo

Al

Fe

0.59

0.95

30.35

0.002

0.006

0.54

8.74

58.8

1.07

0.90

30.42

0.001

0.006

0.53

8.83

58.2

1.56

0.89

29.97

0.002

0.007

0.53

8.81

58.2

The cast plates were sectioned into smaller rectangular plates of approximately
8×10×2 cm (3.2×4.0×0.8 in.) in size using an abrasive saw. They were then solution
treated at 1050°C ± 5C° for two hours and water quenched. Each plate was subsequently
ground flat and parallel and cut into eight smaller rectangular specimens of thickness 0.8
to 1.0 cm (0.32 to 0.40 in.). One specimen from each sample chemistry was retained for
hardness measurements and metallographic analysis of the solution treated condition.
The remaining specimens were loaded into an air convection furnace and aged at 530°C.
The furnace temperature was verified via independent thermocouple to be 529°C
(984°F). After appropriate aging time, each specimen was withdrawn and quenched in a
bath of room-temperature water. Hardness measurements were taken using the Rockwell
B and C scales and subsequently converted to a BHN (3000 kgf load). Microstructural
analysis was performed in a similar fashion as mentioned above.
RESULTS
Hardness measurements recorded during this study were used to construct
hardening curves for each aging temperature. The aging curves for the 0.001, 0.006,
0.018, and 0.043% phosphorus samples are shown in Figure 1. Analysis of the aging data
shows that as the amount of phosphorous increases, so does the hardness for each
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corresponding aging time. The solution treated hardness, however, was found to be
nearly the same regardless of chemistry (see Table 3). Increasing the phosphorous
content also had the effect of decreasing the time to peak hardness for each aging
temperature. As expected, an increase in the aging temperature produced a decrease in
the time to reach peak hardness for all phosphorous levels. In addition, the peak hardness
decreased as the aging temperature increased, thus displaying classic aging hardening
behavior. Both the 0.001 and 0.006% P samples showed very similar trends at all aging
times and temperatures. The highest hardness recorded for both the 0.001 and 0.006% P
specimens was observed after 30 hrs at 550°C (1022°F) and measured 358 ± 5.4 BHN
and 353 ± 4.0 BHN (95% CL), respectively. Peak hardness values for the 0.018 and
0.043% P samples occurred after 30 hrs at 530°C (986°F) and were recorded to be 379 ±
6.7 and 371 ± 3.9 BHN (95% CL) as shown in Table 4. On average, the 0.018 % P
samples gave the highest hardness and hardening rates recorded for all aging
temperatures. This is an unexpected result since the aluminum content of the 0.018 % P
containing heat was low relative to the other samples.

Table 3. Recorded Solution Treated Hardness Values, BHN (3000 kg load)
Percent Phosphorus

S.T. Hardness, BHN

0.001

195 ± 3

0.006

194 ± 3

0.018

204 ± 2

0.043

203 ± 4
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(a)

(b)

(c)

(d)

Fig. 1 Shown above are the various age hardening curves for the different phosphorus
chemistry samples at (a) 530C, (b) 550C, (c) 570C, and (d) 600C. Both the 0.001 and
0.006% P samples gave similar hardness values. The 0.018 and 0.043% P samples
consistently showed a much higher hardness than the 0.001 and 0.006% P samples for
every time and temperature tested. In addition, rate of hardening increased with
increasing amounts of phosphorus. Peak hardness was achieved after 30 hrs at 530C for
the 0.018 and 0.043% P samples and not until after 60 hrs for the 0.001 and 0.006% P
samples. The 0.018% P samples, in general, seemed to give greater hardness values than
the 0.043% P samples, an unexpected result.
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Table 4. Peak hardness values and time to achieve peak hardness for a temperature range
of 530°C to 600°C and phosphorus contents of 0.001% to 0.043% with nominally 1%Si.
Temperature, °C

Percent Phosphorus

Peak Hdns, BHN

Time to Peak Hdns,
hrs

0.001

352 ± 6.0

60

0.006

348 ± 2.9

60

0.018

379 ± 6.7

30

0.043

371 ± 3.9

30

0.001

358 ± 5.4

30

0.006

353 ± 4.0

30

0.018

372 ± 5.2

10

0.043

365 ± 3.5

30

0.001

339 ± 4.4

10

0.006

335 ± 2.6

10

0.018

350 ± 5.8

6

0.043

346 ± 4.3

6

0.001

338 ± 3.5

5

0.006

334 ± 4.1

10

0.018

350 ± 3.9

10

0.043

345 ± 4.7

3

530

550

570

600
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Hardness measurements, as a function of aging, confirm that phosphorus
increases not only the aged hardness, but also the hardening rate in FeMnAlC alloys. In
order to better understand the role phosphorus plays in the nucleation and growth of carbide, activation energies for -carbide precipitation in each of the different chemistry
samples were calculated. To achieve this, an Avrami approach to transformation kinetics
was utilized. Hardness values as a function of time for the different samples were used to
generate a fraction of complete precipitation, ƒ, according to the following equation.
ƒ = 1- (Hf-H(t))/( Hf-H0)

(1)

Hf is the peak hardness, H(t) is the hardness as a function of aging time, and H0 is the
solution treated hardness. When H(t) = Hf, ƒ = 1, which corresponds to a maximum
particle density. The volume fraction transformed was then used in the Avrami equation
to determine an activation energy and rate constant for each chemistry sample. The
following is one form of the Avrami equation. It is written so that the rate constant, k, is
in units of reciprocal time. And n is the unitless time exponent, which typically varies
from 0.5 to 4.
ƒ= 1 – exp[-(kt)n ]

(2)

The rate constant, k, can be defined by the Arrhenius relationship:
k = k0exp(-Q/RT)

(3)

In the above equation, R is the gas constant, T is the absolute temperature in Kelvin, and
Q is the activation energy in J/mol.
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The nucleation and growth process is isokinetic for a given temperature range if Q, k0
and n are constant. Avrami plots were generated and activation energies where estimated
for each chemistry sample by manipulating equations (2) and (3).
The rate constants as a function of temperature for each chemistry sample tested
were determined from an Avrami log-log plot of ln(1/(1-Vf)) vs. time in seconds. When
(kt) = 1, ln(1/(1-Vf)) = 1 and the corresponding rate constant for each temperature can be
determined from the intersection of the isokinetic lines with the line y = 1. The slope of
the isokinetic lines in Figure 2 gives values of the time exponent, n. Arrhenius plots were
constructed to determine activation energies of the reaction assuming that the
transformation was controlled by diffusional growth, i.e., transformation below the nose
of the TTT. Activation energies for the different chemistry samples were obtained by
linear regression analysis (Figure 3). The slope of the regression lines gives the value of
Q/R. Because both the 0.018 and 0.043% samples were above the solubility limit of
phosphorus in FeMnAlC alloys, they were considered together when determining the
activation energy.

Preliminary results show that as the amount of phosphorus increases,

the activation energy for the precipitation of -carbide decreases. Activation energies for
the 0.001 and 0.006% P samples were calculated to be 300 and 260 kJ/mol, respectively.
An activation energy of 180 kJ/mol was calculated for the 0.018 and 0.043% P samples
(Figure 3). Calculated kinetic data, including n and k0 values, are listed in Table 5.
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(a)

(a)

(c)
(d)
Fig. 2 Avrami analysis for the 0.001% P and 0.006% P samples produced isokinetic
results (within error) for all temperatures tested. The slope of the parallel lines is
equivalent to the time exponent, n, and was found to be 0.7 for the 0.001% P sample, and
0.8 for the 0.006% P, 0.018% P and 0.043% P samples.
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Fig. 3 In the above Arrhenius plot, the slope of each regression line is equivalent to Q/R
for each of the different phosphorus levels, respectively.

Table 5. Calculated kinetic data for the different chemistry samples
% Phos
0.001
0.006
0.018-0.043

Q, kJ/mol
300
260
180

k0, s-1
2.1X1014
1.7X1012
4.8X107

n
0.7
0.8
0.8

Values of the time exponent, n, varied between 0.7 and 0.8 for all of the samples
evaluated. Calculated kinetic data from the 0.001% P and 0.018% P samples was utilized
to construct a TTT curve to better show the effects of phosphorus on the precipitation and
growth of κ-carbide (Figure 4). Specifically, the Avrami and Arrhenius equations were
manipulated to produce curves corresponding to a 1% and 50% transformation.
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Fig. 4 Constructed TTT diagrams corresponding to a 1% and 50 % complete
precipitation clearly show that transformation is delayed for the 0.001% P sample during
early and later stages of aging.

Metallographic samples were prepared representing each of the differing
chemistries for the solution treated condition as well as peak-aged condition for each
temperature tested. Observations of the solution treated microstructures revealed the
presence of undissolved ferrite in all but the 0.001% phosphorus-containing specimen.
This is not a surprising result since phosphorus is well known to be a ferrite stabilizer.
Overall, the greatest amount of ferrite was observed in the 0.018% phosphoruscontaining specimens. The 0.018% P sample was also slightly higher in silicon, which is
also a ferrite stabilizer (Table 1). The higher phosphorus specimens contained a large
number of phosphide containing inclusions (see Figures 5c and 5d), which indicates that
the solubility of phosphorus is less than 0.018%. The low phosphorus samples proved to
have lower inclusion densities and no evidence of a phosphide phase.
The peak-aged microstructures showed that, in general, more grain boundary
precipitation occurred in the higher phosphorus specimens (Figures 6a and 6b).
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(a)

(b)

(c)
(d)
Fig. 5 The above optical micrographs correspond to the solution treated and quenched
microstructure of the (a) 0.001, (b) 0.006, (c) 0.018, and the (d) 0.043% P specimens.
Since phosphorus is a ferrite stabilizer, an appreciable amount of ferrite, 5%, was
observed in the 0.018% P specimen in figure (c). In fact, a small volume percent of
ferrite (around 1%) was observed in all of the remaining microstructures except in the
0.001% P specimen in figure (a). The microstructures in figures (c) and (d) also show a
significant amount of inclusions and the presence of a hard phosphide eutectic phase that
is detrimental to mechanical properties. All metallographic specimens were prepared by
etching in a 2% nital solution and imaged using a differential interference contrast
technique.
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(a)
(b)
Fig. 6 The above micrographs represent the peak aged condition at 600°C for the (a)
0.006 and (b) 0.018% P chemistry specimens. Both of the above micrographs show some
degree of grain boundary precipitation. A considerable amount of what appears to be
either extremely coarse κ-carbide or a fine intermetallic phase outlines the grain
boundaries in figure (b). Note that there are only a few isolated islands of ferrite present
in the microstructure of alloy (b). The reason for the decreased amount of ferrite
observed in the peak aged condition is thought to be the effect of position in the casting
and alloy segregation effects.

The increased amount of interdendritic ferrite and the prevalence of increased
amounts of grain boundary precipitation in the samples with higher phosphorus contents
is evidence that phosphorus segregates to interdendritic areas and promotes carbide
precipitation on grain boundaries. SEM analysis of the peak aged condition of a 0.018%
phosphorus specimen aged at 600°C shows regular arrays of what appears to be 30 to 50
nm sized κ-carbides within the austenitic matrix (see Figure 7). Carbides were too small
in other samples to be detected, even when utilizing the SEM.
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Fig. 7 Secondary electron micrograph of the 0.018% P specimen aged for 10 hrs at
600ºC. The light contrast features are the hard Mn and Fe-rich phosphide phase, which is
shown outlining an austenite grain. Within the austenite matrix, what appear to be 30-50
nm κ-carbides are observed to have precipitated and aligned in a periodic and
crystallographic direction.

In the solution treated condition, hardness was found to be nearly constant at
around 198 ± 3.7 BHN for all of the different silicon containing alloys. The 530°C aging
curves for the 0.59, 1.07, and 1.56% silicon samples are shown in Figure 8.

Analysis of

the age hardening data revealed that as the silicon level increased, so did the hardness at
times tested up to the peak aged condition (see Figure 9). The 0.59% Si sample proved
to have much lower hardness for most every aged condition than the 1.07 and 1.56% Si
samples. However, the 0.59% Si sample exhibited higher hardness values after aging for
140 hrs. Peak hardnesses for the 1.07% and 1.56% Si samples were approximately the
same and were recorded as 355 ± 5.3 BHN and 351 ± 7.6 BHN, respectively.
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Fig. 8 The age hardening curves for the three different silicon containing alloys show
that as the silicon level increased, so did the corresponding hardness levels for almost
every aging time tested. Both the 1.07% and 1.56% silicon specimens achieved similar
peak hardness values after 60 hours at 530°C. After 140 hrs, the 0.59% Si sample
eventually exhibited the highest hardness.

In addition, the peak aging condition occurred after 60 hours at 530°C for both the 1.07%
and 1.56% Si samples. Hardness for the 0.59% Si samples reached values as high as 355
± 7.0 BHN after 140 hours. A peak aging time was not determined for the 0.59% Si
alloy.
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Fig. 9 Increasing the amount of silicon by 1% increased the aged hardness an average of
over 30 BHN. The solution treated hardness, however, was unaffected by increasing
silicon levels.

Specimens were prepared for microstructural analysis from each of the different
silicon containing alloys. The microstructures corresponding to the solution treated
condition and the peak aged condition are shown in Figures. 10 and 11, respectively. In
the solution treated condition, less than 1.5% undissolved ferrite in the interdendritic
regions was observed in the 1.56% Si containing alloy (see Figure 10c). However, it is
important to note that the amount of ferrite in the 1.56% Si alloy depended on the
position within the casting and the ferrite was more prominent in areas close to casting
risers (see Figure 10d). Ferrite was not observed in the microstructures of the 0.59 and
1.07% Si alloys after solution treatent Also, There was little evidence of grain boundary
precipitation for any of the peak aged specimens. In fact, the microstructures of the peak
aged specimens were very similar and showed no major difference with increasing silicon
content (see Figure 11).
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(a)

(b)

(c)

(d)

Fig. 10 The above optical micrographs are of the solution treated condition corresponding
to the; (a) 0.59% Si, (b) 1.07% Si, (c) and (d) 1.56% Si alloys. The presence of ferrite
was only observed in (c) and was thought to be a function of both higher silicon content
and alloy segregation. The amount of ferrite in figure (c) was calculated to be 1.4%.

DISCUSSION
Phosphorus is widely regarded as an impurity in FeMnAlC steels, as well as most
other steels, because it has been shown to segregate to grain boundaries and causes brittle
fracture.18-20 However, there have been no studies focused on considering the effects of
phosphorus on precipitation hardening in the FeMnAlC system.
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(a)

(b)

(c)
Fig. 11 Micrographs of the peak aged conditon for the (a) 0.59%, (b) 1.07%, and (c)
1.56% Si specimens show very little evidence of grain boundary carbide precipitation and
appear similar to the solution treated micrographs.

The results of this investigation show that amounts of phosphorus in the range of 0.006 to
0.043% increased the age-hardening response of these alloys. However, the slightly
higher solution treated hardness in the higher phosphorus specimens is thought to be a
combination of solid solution strengthening from the phosphorous and the formation of a
hard phosphide found in interdendritic areas within the cast microstructure. Recently,
Howell et al. studied the 530°C aging characteristics of a similar Fe-30Mn-9Al-0.9C1.0Si alloy containing 0.06% phosphorus and found that peak hardness occurred after 30
hrs at 372 BHN, a result that is in excellent agreement with the current study.5
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The 0.018% P samples consistently gave higher values of hardness for most every
time and temperature tested even though they contained less than half the amount of
phosphorus of the 0.043% P samples. One possible explanation for this unexpected
result is that the aluminum content of the 0.018 % P sample is slightly different from the
rest of the samples (see Table 1). However, aging curves at 550°C and 600°C for the
0.018% phosphorus samples are in close agreement with a study conducted by Hale and
Baker21 on a Fe-30Mn-8Al-0.8C-0.4Si alloy with a phosphorus content of 0.017%. In
that study, peak hardness was recorded to be around 362 HV (344 BHN) for specimens
aged at 600°C and a peak hardness value close to 390 HV (371 BHN) was recorded for
specimens aged at 550°C. The current study supports these previous observations. In both
investigations, the hardening rate was observed to increase after about an hour at
temperature. Hale and Baker’s results are attributed to a change in the hardening
mechanism from a coherency strain, which is accompanied by the initial spinodal
decomposition of the matrix, to the precipitation and growth of κ-carbide.3,4,16,21
In the current study, activation energies were calculated to be 300, 260, and 180
kJ/mol for the 0.001, 0.006, and 0.018-0.043% P samples, respectively. The 0.001 and
0.006% P samples gave the closest isokinetic results (Figure 2). One reason for the
differences in kinetic behavior between the high and low phosphorus alloys could be that
the precipitation reaction in the higher phosphorus material is more complex than
originally thought.
Although, there is limited information on the kinetics of κ-carbide precipitation in
literature, one study conducted by Sato et al. estimated the activation energy for spinodal
decomposition, as a diffusion controlled process, to be 180 kJ/mol in a similar FeMnAlC
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alloy with a phosphorus content of 0.016%.16 The calculated activation energy of the
high phosphorus samples in the current study, is almost identical to Sato’s experimental
value.
The activation energy for the precipitation of κ-carbide derived from the Avrami
analysis is a complex combination of the activation energy of self-diffusion and the
energy barrier, ∆G*, for the nucleation of a critical sized nucleus. For ordering reactions
that produce homogeneous precipitation, the surface energy is small and this contributes
to a near zero value of ∆G*.22 Thus, the activation energy for the κ-carbide kinetics can
be considered growth controlled and compared with the activation energy of selfdiffusion of phosphorus, aluminum, and carbon. No data could be found on the direct
measurement of diffusion of these elements in FeMnAlC steels, and limited data is
available for diffusion of these elements in austenitic iron. Instead, activation energies
obtained in this report are compared with values of 183 kJ/mol for the interdiffusion of
phosphorus in austenitic iron (950 to 1250°C), 235 kJ/mol for the diffusion of aluminum
in austenitic iron, and activation energies of between 120 and 150 kJ/mol for the
diffusion of carbon in austenite (750 to 1300°C).23,16 The low phosphorus alloys had an
activation energy closest to that of aluminum diffusion in austenitic iron. This result
suggests that aluminum is primarily responsible for the spinodal decomposition and
subsequent precipitation of -carbide. In contrast, comparison of the calculated
activation energy obtained for the higher phosphorus alloys suggests that as the
phosphorus level is increased, the spinodal decomposition and precipitation is related to
the diffusion of phosphorus.

47

Evidence that phosphorus drives the initial spinodal reaction comes from the
previously mentioned study by Sato et al.16 Sato found that in early stages of aging,
spinodal decomposition was accompanied by the formation of characteristic x-ray
sideband peaks around the main (200) austenite Bragg angle. It can be seen that the alloy
containing the most phosphorus, 0.016% P, exhibited the most intense sidebands and the
highest hardness. 16
In the current study, additional evidence that phosphorus plays a role in spinodal
decomposition can be seen in Figure 4. TTT curves corresponding to a 1%
transformation show that transformation occurs more rapidly for the 0.018% P alloy as
compared to the 0.001% P alloy. Thus, phosphorus is seen to affect the early stages of
aging corresponding to the spinodal decomposition, as well as later stages in the
precipitation process. It is interesting to speculate that the addition of phosphorus
increases the enthalpy of mixing and consequently provides a greater driving force for
spinodal decomposition. Additionally, specimens that were higher in phosphorus
exhibited more κ-carbide precipitation on grain boundaries (see Figures 6c and 6d).
Likewise, large κ-carbides that were 30 to 50 nm in size were observed to have
precipitated within the austenitic matrix of a peak aged 0.018% P specimen (Figure 7).
In the lower phosphorus specimens, κ-carbides were too small to be resolved using the
SEM. Microstructural analysis also revealed that phosphorus segregates to interdendritic
areas, promotes κ-carbide precipitation on grain boundaries, and in sufficient quantities
produces a hard and brittle phosphide, which appears in a eutectic structure.20
For specimens aged at 530°C, additions of silicon were shown to increase the
aged hardness for most every aging time. The solution treated hardness, rate of age
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hardening, and the peak aged hardness were not affected by silicon content and these
results are in agreement with a previous study.5 The reason for the increase in hardness
with increasing silicon content may be attributed to silicon displacing manganese from
the austenite matrix to the κ-carbide.5,16 Additions of silicon have previously been shown
to restrict the formation of brittle β-Mn during extended aging and this restriction of βMn was believed to be a result of manganese partitioning into the κ-carbide, which leaves
the surrounding austenite Mn-depleted.10 In fact, the presence of β-Mn was not detected
in any of the silicon containing specimens, even after extended aging times of 140 hrs at
530°C. It was generally observed, however, that silicon enriched regions were located in
conjunction with riser positions, and, as a result, up to 1.4% ferrite was observed in the
solution treated 1.56% Si material. Ferrite was not observed in any of the 0.59 or 1.07%
Si samples.
CONCLUSION
Alloys in the Fe-Mn-Al-C system show great promise as lightweight substitutions
for quenched and tempered alloy steels. Additions of silicon and trace amounts of
phosphorus have been proven to increase the hardness of these alloys during aging
treatments. During the course of this study, the effects of silicon and phosphorus on the
aging of a Fe-30Mn-9Al-0.9C-XSi-0.5Mo alloy were separated. As phosphorus was
increased, there was a corresponding decrease in the activation energies for the
precipitation of κ-carbide in the temperature range of 530 to 600ºC. Activation energies
for the high phosphorus alloys were found to be in close agreement with the activation
energy for diffusion of phosphorus in austenite and with a similar alloy reported in
literature.23,16 In contrast, activation energies for the low phosphorus alloys were found
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to be in closer agreement with literature values for the diffusion of aluminum in
austenite.16 Thus, in the low phosphorus alloys the initial spinodal decomposition may be
driven by the enthalpy of mixing for aluminum. In the higher phosphorus alloys, the
phosphorus may contribute to a more positive enthalpy of mixing and thus increase the
driving force for spinodal decomposition and lower the activation energy for the aging
kinetics. Microstructural evidence also shows that phosphorus segregates to
interdendritic areas and increases the size and amount of grain boundary κ-carbides.
Silicon, on the other hand, also contributes to hardening of Fe-Mn-Al-C alloys during
aging, possibly by displacing manganese from the matrix into the κ-carbide. The results
may suggest that the increase in Mn (based upon the work of Acselrad et al.10 and Howell
et al.5) may affect the strength of the carbide as justified by the higher hardness with
increasing Si, but not a change in rate of hardening.
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The influence of silicon on κ-carbide precipitation in Fe-30Mn-9Al-(0.591.56)Si-0.9C-0.5Mo cast steels was investigated utilizing transmission electron
microscopy, 3-D atom probe tomography, and X-ray diffraction. Increasing the
amount of silicon from 0.59 to 1.56% Si increased the size of the κ-carbide
precipitates but not the volume fraction. Silicon was shown to increase the activity of
carbon in austenite and stabilize the κ-carbide at higher temperatures. Increasing the
silicon from 0.59 to 1.56% increased the partitioning coefficient for carbon from 2.1
to 2.9 and the carbon content of the κ-carbide increased from 5.2 to 6.6 at.% for
specimens aged for 60 hrs at 530° C. The increase in strength during aging of FeMn-Al-C steels was found to be a direct function of the increase in the concentration
amplitude of carbon during spinodal decomposition. The predicted increase in the
yield strength was calculated to be 120 MPa/wt% Si for specimens aged at 530° C for
60 hrs and this is in agreement with experimental results. Silicon was shown to
partition to the austenite during aging and to slightly reduce the austenite lattice
parameter. First principles calculations show that the Si-C interaction is repulsive
and this is the reason for enhanced carbon activity in austenite. The lattice parameter
and stability of κ-carbide depends on the carbon stoichiometry and the silicon
substitution site. Silicon was shown to favor vacancy ordering in κ-carbide due to a
strong attractive Si-vacancy interaction. It was predicted that silicon occupies the
iron sites in nonstoichiometric κ-carbide and the formation of Si-vacancy complexes
increases the stability as well as the lattice parameter of κ-carbide. A comparison of
silicon effect on the enthalpy of formation for austenite and κ-carbide shows that the
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most favorable position for silicon is in austenite, in agreement with experimental
results.
I.

INTRODUCTION
Lightweight austenitic Fe-Mn-Al-C steels have both low melting points, less than

1350°C, and good filling characteristics which are similar to cast irons.1 Addition of 910 weight percent (wt.%) aluminum reduces the density by up to 15% when compared
with traditional steels and may be of interest to the transportation industry as corporate
average fuel economy is increased to 54.5 mpg by 2025. These high aluminum steels can
be competitive with quenched and tempered steels when age hardened. However, the
high manganese (20 to 30 wt.%) required to stabilize an austenitic matrix1,2 may relegate
this class of steel to castings, since electrolytic manganese is required to limit phosphorus
and may be too costly for current steelmaking practices.3 Grades that contain from 5-11
wt.% aluminum and from 0.3-1.2 wt.% carbon are age hardenable when heat treated in
the range of 450 to 700° C.2-4 All compositions in the following text are in weight
percent unless otherwise stated. Depending on the heat treatment, cast alloys can attain
strengths as high as 1100 MPa in the age hardened condition or good ductility in the
solution treated condition with total elongations greater than 64%.3,5 Excellent strengths
and high work hardening rates with up to a 17% reduction in density make these alloys
very attractive for high energy absorbing applications.2 However, the mechanical
properties are a function of age hardening and knowledge of how alloying additions and
impurities affect aging is of primary interest when qualifying these steels for high energy
absorbing or low temperature applications.

55

Hardening is accomplished by the homogeneous and coherent precipitation of
nano-sized κ-carbide, (Fe,Mn)3AlCx. κ-carbide has the E21 cubic perovskite crystal
structure in which aluminum occupies corner positions, iron and manganese occupy face
positions, and carbon is at the body center interstitial octahedral site. κ-carbide has a cube
on cube orientation relationship with the austenitic matrix with <100>κ//<100>γ and
{001}κ//{001}γ.6-10 Studies indicate that the first stage hardening in Fe-Mn-Al-C alloys is
the result of compositional modulation produced by spinodal decomposition into either
carbon rich10-13 or carbon and aluminum rich6,8,9,14 and depleted zones. Spinodal
decomposition is thought to either precede9, take place concurrently to, 6,10, 12-15 or
subsequently8,11 to short range ordering into lattice sites corresponding to the κ-carbide
structure. This is followed by coarsening with the development of cuboidal shaped
precipitates periodically arranged along <100>.
Silicon is one of the most common alloying additions to these high manganese
and aluminum steels. Silicon increases the fluidity and decreases the melting point by
30C°/wt.%Si.1 Most importantly, adding silicon has been reported to prevent or severely
retard the precipitation of brittle β-Mn, which is deleterious to impact toughness in age
hardened materials.8

Increasing the amount of silicon in a an alloy of nominal

composition Fe-30Mn-9Al-0.9C-0.5Mo from 1.0 to 1.56% increases the strength and
hardness during ageing but decreases the work hardening rate and the total elongation to
failure by as much as 10%.5,16 Age hardening curves for Fe-30Mn-9Al-0.9C-0.5Mo, low
phosphorus alloys (<0.003%P) with different silicon contents are given in Figure 1 (a) for
specimens aged at 530°C. It is shown that increasing the amount of silicon increases the
aged hardness but appears not to increase the overall hardening rate.16
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The mechanism by which silicon increases hardness and prevents β-Mn in these
steels is unknown. Acselrad et al. reported that silicon increases the kinetics of zone
formation during spinodal decomposition.8 They additionally proposed that silicon
partitions manganese from the austenite matrix into grain boundary κ-carbide during
aging.8 After sufficient aging times the austenite was depleted of enough manganese to
prevent β-Mn precipitation and D03 or B2 iron aluminide phases formed instead.8 It is
suggested that partitioning of manganese into the κ-carbide may also increase strength
during aging. Manganese has a larger atomic radius, 0.179 nm, than iron, 0.172 nm, and
therefore preferential substitution of manganese may increase the size of the κ-carbide
and thus contribute to an increase in strength and hardness during aging.16

Fig. 1 Age hardening curves for low phosphorus (<0.003%P), Fe-30Mn-9Al-0.9C0.5Mo steels aged at 530°C. Silicon increases the aged hardness but appears not to
increase the hardening rate.
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Evidence that silicon influences manganese partitioning comes from a study by Chao et
al. who reported manganese rich grain boundary κ-carbides in a Fe-28.6Mn-9.8Al-0.8Si1.0C steel after aging for greater than six hours at 600°C.17 The concentration of
manganese in the κ-carbide was determined by energy dispersive X-ray spectroscopy
(EDS) to be 46.5 wt.%, which was almost 18% more manganese than the austenitic
matrix composition.17 However, manganese rich grain boundary κ-carbides were also
observed in a Fe-8Al-31.5Mn-1.05C alloy without silicon addition and β-Mn was not
observed, even after extended aging for 24 hours at 550°C.18 β-Mn is reported to
precipitate on grain boundaries in the temperature range of 550 to 750°C in alloys
without silicon.19 In a later study by Acselrad et al., it was reported that increasing
silicon to 1.4% shifted the kinetics for nucleation and growth of κ-carbide to shorter
times and this was suggested to be the result of silicon increasing the activity of carbon in
the solid solution austenite.14 Acselrad et al. used EDS analysis to determine the
manganese content of grain boundary κ-carbides to be 47wt.%, which was well above the
concentration of matrix manganese at 28wt.%.14 Nevertheless, in all of the
aforementioned studies, direct evidence of the effect of silicon on the homogeneous
precipitation and composition of κ-carbide is lacking and evidence of manganese
partitioning into the κ-carbide is restricted to grain boundary carbides. Additionally, in all
of these studies, chemical analysis of the κ-carbide was performed utilizing EDS, and as
such the amount of carbon could not be accurately determined. Thus, the explanation for
increased hardening with silicon addition remains questionable.
It is clear from this review of the literature that despite fifty years of research
many interesting questions remain as to the precipitation sequence of κ-carbide as well as
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the role of silicon on age-hardening. Atom probe tomography allows the accurate
determination of compositions as small as 50 ppm over interfaces with sub-nanometer
resolution.20 Local electrode atom probe tomography, LEAP, has been used to
characterize precipitation in a variety of age-hardenable alloys including stainless
steels,21 Al-Sc alloys,22 and Ni-based superalloys.23 This technique has also been used to
measure the extent of spinodal decomposition in Ti-Al-N thin films24, Fe-Cr binary
alloys,25 as well as in Fe-Ni-Mn-Al alloys.26 Most recently, Seol et al. have utilized
LEAP to study the composition of a lamellar structure of κ-carbide and ferrite in a Fe1.2C-3.2Mn-10Al (in at.%) steel.27 κ-carbides were found to be manganese rich with an
aluminum concentration that was close in composition to the adjoining ferrite. They
suggest that manganese substitution for iron would make the κ-carbide harder and
stronger because of stronger bonding between Mn-C couples in comparison to Fe-C
pairs. The focus of the current work is to determine the role of silicon on the composition
and morphology of κ-carbide that is homogeneously precipitated in a fully austenitic Fe30Mn-9Al-0.9C-0.5Mo steel.
II.

EXPERIMENTS

A series of alloys were cast with a nominal chemistry of Fe-30%Mn-9%AlX%Si-0.9%C-0.5%Mo and with silicon ranging from 0.56 to 1.56%. Heats were
prepared using electrolytic manganese, high purity aluminum, and high purity graphite.
All heats were prepared in an induction furnace under argon cover. The melt was calcium
treated followed by Ar-stirring before tapping and subsequently poured into horizontal
plate molds that were prepared from phenolic no-bake olivine sand. The thickness of the
plates measured approximately 1.5 cm. All chemical analyses were performed by ion
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coupled plasma spectrometry after sample dissolution in perchloric acid and are listed in
Table 1. Rectangular test coupons with nominal dimensions 1.4cm x1.4cm x2.0cm were
machined from the center of the plate. Each alloy was solution treated for 2 hrs at 1050°
C in protective stainless steel bags. Specimens were individually water quenched into
agitated room temperature water. Aging was conducted in a salt pot containing a mixture
of sodium and potassium nitrate salts. The variation in temperature during aging was +/5°C.

Table 1. Steel chemistries in weight percent.
Si
C
Mn
P

S

Mo

Al

Cu

0.59

0.95

30.35

0.002

0.006

0.54

8.74

0.01

1.07

0.90

30.42

0.001

0.006

0.53

8.83

0.006

1.56

0.89

29.97

0.002

0.007

0.53

8.81

0.006

Thin foils for transmission electron microscopy were prepared using a solution of
6% perchloric acid, 60% methanol, and 34% butoxyethanol and a twin jet electropolisher
operating at -20°C utilizing and a DC current of 30-40 mA. Thin foils were analyzed
using a Tecnai F20 TEM operating at 200 kV. LEAP specimens were prepared by
machining 0.3x0.3x10mm rectangular blanks from the center of the solution treated and
aged plates. Rectangular blanks were electropolished at room temperature in a two step
polishing procedure. Initial thinning of the specimen to 0.2 mm in diameter was
performed 20 V DC in a 10% perchlorc acid 90% acetic solution. Final polishing was
accomplished utilizing a solution of 2% perchloric acid solution in butoxyethanol at 12 V
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DC to produce a tip radius less than 100 nm. Polished tips were analyzed using a local
electrode atom probe tomograph manufactured by Cameca, Madison, WI. Tips were held
in a vacuum of 6.5X10-11 torr at a temperature of 60 K. A 0.5% evaporation rate was
obtained at 500 kHz using 20 pJ laser pulse energy. Between 20 million and 500 million
atoms were detected from each of the respective specimens. IVAS 3.6 software was
utilized to construct a 3-D atom-by-atom representation of each specimen.
Specimens for X-Ray diffraction experiments were produced from bulk specimens that
were polished to a 6 µm finish. Specimens were analyzed at room temperature utilizing a
PANalytical X-PertPro diffractometer with Cu-kα radiation operating at 45 kV with a
tube current of 40 mA. A nickel monochromator was utilized to filter out Cu-kβ
radiation. Specimens were scanned over an angular range of 20 to 80° 2θ at a rate of 1/8°
min-1.
III. RESULTS
In the following text, the different alloys will be referred to by their silicon
contents in weight percent as listed in Table 1. It should be noted that compositions
given by LEAP are in atomic percent. Thin foils were prepared from selected specimens
to directly show the influence of silicon on the morphology, size, and distribution of κcarbide as a function of aging time and temperature. Solution treated samples were
single phase and there was no evidence of austenite decomposition and electron
diffraction patterns showed only fundamental austenite reflections. Figure 2 (a and b) are
dark field images of 0.59% Si and 1.56% Si specimens that were aged for 63 hours at
490°C.
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(a)

(b)

(c)
(d)
Fig. 2 (a) Dark field images of the (a) 0.59% Si and (b) 1.56% Si steels aged for
63hrs at 490°C show a high number density of κ-carbide particles that are on the
order of 1 nm. The selected area diffraction patterns of the DF images in (a) and (b)
corresponding to [001] and [101] zone axis, respectively are shown in (c) and (d).
Particle clusters are coarsening into larger, 2-5 nm particles. (a) κ-carbide clusters of
average size less than 3 nm may be in the beginning stages of alignment along a cube
direction in the 0.59% Si specimen. (a and b) κ-carbide particle size is similar
between both silicon containing specimens. Both diffraction patterns show satellites
flanking fundamental austenite reflections in the (c) 0.59% Si and (d) 1.56% Si
specimens, respectively.
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Both images show a high number density of κ-carbide precipitates that are less than 1
nm and particle sizes are similar. These κ-carbides are randomly distributed
throughout the austenite matrix in both alloys. High order austenite diffraction spots
in the [001] SADP of the 0.59%Si specimen in Figure 2 (c) were elongated in cube
directions, which is evidence of closely spaced satellite reflections and an advanced
stage of spinodal decomposition. Diffraction intensity concentrated into satellite
reflections was also noted in the [101] diffraction pattern aligned in the [001]
direction in the 1.56% Si specimen in Figure 2 (d). Figure 3 (a and b) shows the
1.07% Si and 1.56% Si specimens that were solution treated and aged for 100 hours
at 530°C. Increasing the aging temperature increases the kinetics of particle
coarsening and the κ-carbides appear as cuboidal particles that are an average size of
10 nm in the 1.07%Si alloy (Figure 3 (a)) and 12 nm in the 1.56%Si (Figure 3 (b))
alloy as measured along a cube edge. The κ-carbides are periodically arranged along
cube directions and the average wavelength of the spacing along <100> was 16 nm
for the 1.07%Si specimen and 20 to 25 nm in the 1.56%Si specimen.
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(a)

(b)

Fig. 3 Dark field images of the (a) 1.07%Si and (b) 1.56%Si specimens that were aged
for 100 hrs at 530° C show κ-carbide as cuboidal particles that are preferentially
coarsening into plates along cube directions. (a) κ-carbides in the 1.07%Si specimen are
an average size of 10 nm with an average interparticle spacing along cube directions of
16 nm. (d) κ-carbides are larger in the 1.56%Si specimen and are shown to be an average
size of 12 nm with an interparticle spacing along a cube direction of 20 nm.

X-ray diffraction patterns for the 0.59% Si and 1.56% Si specimens, aged for 48
hrs at 570° C, are shown in Figures 4 (a) and 4 (b). The presence of β-Mn, B2, or D03
phases was not detected in the x-ray diffraction patterns and the microstructure consisted
of austenite and κ-carbide as shown in Figure 4 (a). A detail view of the austenite and κcarbide (200) diffraction intensity is given in Figure 4 (b) and the amount of κ-carbide
precipitation appears to be independent of silicon content. Table 2 shows calculated
values of the austenite and κ-carbide lattice parameter as a function of aging and silicon
addition.
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(a)
(b)
Fig. 4 (a) The XRD patterns for the 0.59%Si and 1.56%Si low phosphorus containing
(<0.003%P) specimens show only austenite and κ-carbide peaks after aging for 48hrs at
570°C. (b) Detail image of the austenite and κ-carbide (200) peaks from (a) show that
there is little difference in the amount of κ-carbide precipitation with silicon addition.

Table 2. Calculated austenite and κ-carbide lattice parameters
Weight %
aγ, nm
aκ, nm
Si
Heat Treatment
0.59
0.3681
0.3712
Aged 60 hrs @
530° C
1.56
0.3673
0.59
0.3666
0.3718
Aged 48 hrs @
570° C
1.56
0.3659
0.3731

%
Mismatch
0.84
1.41
1.97

The austenite lattice parameter slightly decreased with increasing silicon content
for both specimens aged at 530 and 570° C. Increasing the amount of silicon from 0.59
to 1.56% Si, slightly increased the lattice parameter of κ-carbide from 0.372 to 0.373 nm
for specimens aged for 48 hrs at 570° C. Because of extensive peak broadening in the
XRD pattern of the 1.56% Si specimen that was aged for 60 hrs at 530° C, κ-carbide
could not be distinguished from the fundamental austenite peaks. Table 2 shows that as
the amount of silicon is increased, the lattice parameter of the austenite decreases with a
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simultaneous increase in the κ-carbide lattice parameter. This induces a higher degree of
lattice mismatch between the two phases as the silicon content is increased.
LEAP experiments were performed to determine the effect of silicon on the
size, distribution, and chemical composition of κ-carbide. Specimens with 0.59% and
1.56% Si were prepared from steels that were aged for 60 hours at 530ºC. An aging
temperature of 530° C was chosen to be consistent with mechanical property data and
a condition of peak hardness at 60 hours. IVAS 3.6 software was used to create a
virtual, rectangular, “slice” of the total reconstruction volume. The κ-carbides were
discriminated from the matrix austenite by a 4 at.% C isoconcentration surface
obtained with a voxel size of 1 nm and a delocalization of 3 nm. Figures 5 (a) and 5
(b) show the reconstruction slices of the 60 hr aged 0.59% Si and 1.56% Si
specimens. The interface of the κ-carbide with the austenite matrix was arbitrarily
chosen as 4 at.% C based on a carbon concentration sufficiently above the bulk
carbon concentration, which ranged between 3 and 3.3 at.% C.
κ-carbide is shown as an interconnected structure rather than a cuboidal
morphology, but the interconnected structure is modulated along cube directions.
The volume fraction of κ-carbide was determined to be 0.19 for the 0.59% Si
specimen and 0.18 for the 1.56% Si specimen and was calculated by summing the
total number of atoms contained within the isoconcentration surfaces vs. the total
number of matrix atoms. Molar volumes for the respective phases were calculated
from the measured lattice paramters. The lattice parameter of κ-carbide in the 1.56%
Si specimen was assumed to be similar to the 0.59% Si specimen and was estimated
to be 0.3712 nm.
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(a)
(b)
Fig. 5 Virtual slices of the total reconstruction volume corresponding to the (a) 0.59%Si
steel (0.002%P) and the (b) 1.56%Si steel aged for 60 hours at 530°C showing 50% of
the total carbon atoms (green dots). The 4 at.%C isoconcentration surfaces delineate κcarbide from the matrix. The volume fraction of κ-carbide is 0.19 and 0.18 for the 0.59
and 1.56%Si specimens, respectively. Slice depth in both reconstructions is 25nm.

A concentration profile of the austenite matrix vs. the κ-carbides for the
1.56%Si specimen, aged for 60 hours at 530°C, was generated by fitting a 4 nm
diameter virtual cylinder across a group of precipitates as shown in Figure 6 (a). The
concentration of carbon, aluminum, manganese, and iron through areas of κ-carbide
and matrix austenite, which is “cut” by the continuous virtual cylinder, are shown to
be consistent with a wave-like decomposition profile with an average wavelength of
14 or 15 nm as shown in Figure 6 (b).

κ-carbide is shown as a modulated structure

enriched with as much as 9 at.%C and 24 at.%Al and depleted in manganese and iron.
A wave-like composition profile with a diffuse interface between the κ-carbide and
the matrix is indicative of spinodal decomposition. The matrix areas between the κcarbides are shown to be depleted in carbon and aluminum to levels as low as 0.8 and
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12 at.%, respectively. The concentration profile can also be analyzed utilizing a 2-D
concentration contour plot as shown in Figure 7 for the 60 hour aged 1.56% Si
specimen. Contour plots for carbon (from 2 to 6 at.%) and aluminum (from 15 to 21
at.%) are shown in Figures 7 (a) and 7 (b), respectively, and were produced using a 2
nm virtual slice across the z-axis of the box reconstruction volume in Figure 5 (b). κcarbide is shown to be rich in both carbon and aluminum and the diffuse interface
between the matrix and the κ-carbide in Figure 7 (a) is indicative of spinodal
decomposition.

(a)
(b)
Fig. 6 (a) Reconstruction of the 1.56%Si specimen which was aged for 60 hours at 530°C
shows the location of the 4nm diameter virtual cylinder which was used to generate the
concentration profile in (b). (b) The concentration profile appears wave-like with no
sharp boundaries between the matrix and the κ-carbide. κ-carbide is enriched with
carbon and aluminum and depleted in manganese and iron.
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A one dimensional representation of the carbon concentration profile across the x-axis of
Figure 7 (a) is shown in Figure 7 (c). The carbon profile is clearly wave-like and consists
of many sinusoidal concentration waves that are superimposed upon one another. The
average wavelength of the carbon concentration profile was determined to be 15 nm.
A more quantitative analysis of the alloy partioning between the matrix and the κcarbide was achieved by utilizing a proximity histogram, or proxigram. The proxigram
gives the solute concentration as a function of distance from the 4 at.% C
isoconcentration surfaces which delineate the κ-carbide from the matrix austenite. Some
advantages of this method are that it can accommodate the curvature of non-planar
interfaces and the results can be averaged over all of the isosurfaces to reduce statistical
error.28 The proximity histogram concentration profiles of Fe, Mn, Al, C, Si, Mo, and P
were determined as a function of distance from the 4 at.%C isoconcentration surfaces.
Concentration profiles across the interface of the κ-carbide for the 0.59% Si and 1.56% Si
alloys which were aged for 60 hrs at 530° C are shown in Figure 8. Adding silicon is
shown to have little effect on the manganese distribution and the κ-carbide is shown to be
slightly depleted in manganese for both silicon containing specimens as shown in Figures
8 (a) and 8 (b). However, increasing the amount of silicon from 0.59% to 1.56% Si was
shown to increase the amount of carbon in the κ-carbide by almost 1.0 at.% as shown in
Figure 8 (c) and (d). The aluminum concentration profile was similar between the two
alloys.
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(a)

(b)

(c)
Fig. 7 2-D concentration contour plots taken from a 2 nm slice through the z-axis of the
reconstruction volume corresponding to the 1.56% Si specimen that was aged for 60 hrs
at 530° C show (a) carbon (2 to 6 at.% - blue to red) and (b) aluminum (15 to 21 at.% blue to red) “hot spots” that denote the location of κ-carbides. (c) A one dimensional
representation of the carbon concentration as a function of distance along the abscissa
shows a sinusoidal profile with many composition waves superimposed upon one
another.

The κ-carbide is depleted of silicon during aging and increasing the amount of
silicon results in the matrix of the 1.56% Si steel being enriched with as much as 4 at.%
Si after aging for 60 hrs at 530° C. It is interesting to note that molybdenum was shown
to be slightly enriched in the κ-carbide of the 1.56% Si specimen as shown in Figure 8
(d).
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(a)

(b)

(c)
(d)
Fig. 8 Concentration profiles of Fe, Mn, and Al with respect to distance from the
interface between the κ-carbide and the austenite matrix for the (a) 0.59% Si and (b)
1.56% Si steels aged 60 hrs at 530°C. Increasing the amount of silicon had no effect on
the distribution of manganese and the κ-carbide was depleted in manganese regardless of
the amount of silicon. The concentration profiles of C, Si, Mo, and P with respect to
distance from the interface are shown for the (c) 0.59%Si and (d) 1.56%Si steel aged for
60 hours at 530°C. Increasing silicon from 0.59 to 1.56%Si increased the amount of
carbon in the κ-carbide during aging by almost 1.0at.%. (d) After 60 hours of aging, the
matrix is enriched with as much as 4at.% Si in the 1.56%Si steel.
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Phosphorus appears to be homogeneously distributed in both phases. However,
large error in measurement made accurate determination of small changes in phosphorus
distribution difficult to quantify as the distance from the isoconcentration surface
increased. The κ-carbide and matrix compositions are given in Table 3 and were
determined from the average compositions of the plateau regions of the proxigrams as per
Miller and Forbes.28 Increasing the amount of silicon increased the amount of carbon in
the κ-carbide from 5.3 to 6.6 at.%.

Table 3. Compositions of the austenite and κ-carbide in atomic percent as determined
by LEAP
0.59 wt.% Si aged for 60 hours at 530°C
Phase
Fe
Mn
Al
austenite
-carbide

50.0
46.0

C

Si

Mo

P

28.4

17.0

2.51

1.36

0.43

0.005

26.4

21.1

5.32

0.75

0.43

0.006

1.56 wt.% Si aged for 60 hours at 530°C
Phase

Fe

Mn

Al

C

Si

Mo

P

austenite

49.1

28.1

16.2

2.30

3.85

0.45

0.010

-carbide

42.3

26.3

21.1

6.55

2.57

0.96

0.047

The results of the current study show that after 60 hrs of ageing at 530º C, κcarbide is non-stoichiometric and may be expressed as (Fe,Mn)3AlCx with x = 0.3.
Partitioning of alloying elements between the κ-carbide and the matrix was quantified
using a ratio of atomic concentration in the precipitate divided by the atomic
concentration of the matrix.
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A partitioning ratio greater than one indicates partitioning of the solute species to the carbide phase while a value less than one indicates partitioning of solute species to the
austenite matrix during aging. Partitioning ratios of solute atoms as determined from the
LEAP analysis are given in Table 4. Silicon content is shown to have no effect on the
partitioning of manganese and manganese partitioning ratios of 0.9 were determined for
all of the alloys. However, increasing the amount of silicon from 0.59 to 1.56% Si was
shown to increase the carbon partitioning ratio from 2.1 to 2.9. Silicon was shown to
strongly partition to the matrix with a partitioning ratio of 0.6 to 0.7 that was nearly
constant between the respective alloys.

Aluminum was concentrated within the κ-

carbide with a partitioning ratio of 1.2 to 1.3 and was insensitive to silicon content.
Molybdenum is shown to be slightly enriched in the κ-carbide of the 1.56% Si specimen
with a partitioning ratio of 2.1.

Table 4. Volume fraction of k-carbide and segregation of alloying elements as a
function of silicon addition.
Partitioning coefficients
Alloy

Vfκ

Fe

Mn

Al

C

Si

Mo

0.59%Si 60 hrs

0.19

0.9

0.9

1.2

2.1

0.6

1.0

1.56%Si 60 hrs

0.18

0.9

0.9

1.3

2.9

0.7

2.1
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To elucidate the Si effect in these alloys, first-principles electronic structure
calculations were performed. For this, the Vienna simulation package VASP 29,30 was
utilized in the projector augmented waves (PAW) formalism and the generalized gradient
approximation (GGA) for the exchange-correlation functional 31. Calculations were
performed for the ferromagnetic high spin state of austenite and the equilibrium lattice
parameter was determined to be 0.364 nm with a magnetic moment of 2.52 μB, which is
in good agreement with previous ab-initio calculations.32 Silicon addition was modeled
by using a 32-atom supercell for fcc iron and 40-atom supercell composed of 8 unit cells
for -carbide. It was determined that at a silicon impurity of 3 at.% concentration
(Fe31Si) slightly decreases the lattice parameter of both nonmagnetic (NM) and
ferromagnetic (FM) austenite from 0.3450 nm (NM) and 0.3641 nm (FM) to 0.3431 nm
(NM) and 0.3622 nm (FM). This small decrease of the lattice parameter with Si addition
agrees well with the experimental findings reported inTable 5, where aγ reduces by
approximately 0.2% per 1wt%Si. The calculated changes in the enthalpy of formation
(ΔH) are negative upon 3 at.%Si substitution (-43 meV/atom and -50 meV/atom for NM
and FM states, respectively). This points out a stabilizing effect of silicon on the
austenite phase. Here it should be noted that silicon is known as a strong stabilizer of
ferrite, and the Fe-Si phase diagram contains B2 phase up to 30%Si. For austenitic
Fe0.97Si0.03C0.03 (Fe31SiC), where carbon is in an octahedral interstitial site and silicon
substitutes for iron atoms in the nearest neighbor, next nearest neighbor or most remote
positions from carbon, the total energy comparison reveals that silicon prefers to replace
Fe atoms far from carbon with a large energy gain of -0.93 eV.
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Therefore, the interaction between silicon and carbon atoms is repulsive and, hence, it
prevents C from occupying the nearest neighbor positions with Si. A similar repulsive
interaction is found between carbon atoms where the second carbon locates in an
interstial location remote from the first carbon 33.
The ground state of Fe3AlC was obtained to be ferromagnetic with an equilibrium
lattice parameter of 0.3753 nm. These results are in good agreement with previous
theoretical results.34-38 To determine the preferable site for silicon impurity in -carbide,
the total energy calculations were performed for Fe2.875Si0.125AlC (Fe23SiAl8C8) and
Fe3Al0.875Si0.125C (Fe24SiAl7C8), where Si atom replaces the Fe and Al atoms,
respectively (Table 5). It was found that silicon only slightly changes the lattice
parameter of stoichiometric -carbide (<0.2% for both Fe and Al substitution), which is
in agreement with previous experimental observation33 where the lattice constant of E21Fe3AlC phase does not show a decrease with the addition of Si.

Table 5. The lattice parameter a, and changes in the enthalpy of formation
ΔH for the Si substitutions in stoichiometric Fe3AlC
Fe3AlC Fe2.875Si0.125AlC Fe3Al0.875Si0.125C
a, nm

0.3753

0.3748

0.3746

ΔH, meV/atom

0

+46

+11

It is predicted that silicon will substitute for aluminum (SiAl) and not for iron
(SiFe) in stoichiometric Fe3AlC with the energy preference for SiAl with respect to SiFe to
be -35 meV/atom. In stoichiometric -carbide, the changes in the enthalpy of formation
ΔH are positive upon addition of Si atom, and by comparing ΔH in austenite (-50
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meV/atom for FM state) and in stoichiometric -carbide (+11 meV/atom for Si at the Al
sites and +46 meV/atom for Si at the Fe sites), it can be concluded that Si should be
partitioned to the austenite matrix.
Experimental results demonstrate that κ-carbide is a nonstoichiometric compound
where the carbon deficiency may reach from 50 to 60%.6,39,40 Additional calculations
were performed to consider how carbon vacancies may affect the preferable sites of Si in
nonstoichiometric κ-carbide. For nonstoichiometric Fe3AlC0.875 (Fe24Al8C7), a
negligible reduction of the lattice parameter with Si addition was obtained and with
nearly equal substitution energies for Si impurity in the Fe and Al sites (Table 6). Thus, it
can be concluded that carbon deficiency in -carbide allows Si to substitute in either the
Fe or Al sites.

Table 6. The lattice parameter a and changes in the enthalpy of formation ΔH
for the Si substitutions in nonstoichiometric Fe3AlC0.875
Fe3AlC0.875 Fe2.875Si0.125AlC0.875 Fe3Al0.875C0.875Si0.125
a, nm

0.3740

0.3735

0.3734

ΔH, meV/atom

0

+11

+8

The lower carbon content in -carbide may lead to the vacancy ordering.
Modeling of two carbon vacancies in Fe24Al8C6 supercell (Fe3AlC0.75) showed that the
Si-vacancy (Si-vac) interaction in -carbide is attractive, which favors formation of the
<100> vac-SiFe-vac, <110> vac-SiAl-vac and

<111> vac-SiAl-vac complexes. The

averaged lattice parameter of Fe3AlC0.75 is equal to 0.3727 nm, 0.3723 nm and 0.3725 nm

76

for the <100>, <110> and <111> vacancy ordering, respectively, and Si addition changes
ak to 0.3736 nm, 0.3719 nm and 0.3718 nm, when the <100> vac-SiFe-vac, <110> vacSiAl-vac and <111> vac-SiAl-vac complexes are formed in Fe3AlC0.75. Thus, it is
predicted that the SiFe substitution increases the lattice parameter of non-stoichiometric carbide, while the SiAl substitution reduces it.
When Si replaces Fe in non-stoichiometric -carbide (Fe2.875Si0.125AlC0.75 where
the vacancies are ordered as <100> vac-SiFe-vac), the value of ΔH is negative (ΔH = –8
meV/atom) as shown in Table 7, while ΔH is +6 meV/atom and +7 meV/atom for the SiAl
substitutions (Fe3Al0.875C0.75Si0.125 with <110> vac-SiAl-vac and <111> vac-SiAl-vac
complexes, respectively). This means that the Fe site is more preferable than the Al site
for Si impurity due to formation of the <100> vacancy-Si-vacancy configuration (i.e., due
to the strong attractive interaction for the nearest-neighbor SiFe-vacancy). Indeed, the
experimental compositions of -carbide obtained by LEAP (Table 3) demonstrate a
reduction of Fe concentration with increasing silicon content that confirms the above
theoretical prediction of the Fe sublattice for Si additions. The negative ΔH obtained for
Fe2.875Si0.125AlC0.75 shows that silicon stabilizes -carbide. This stabilizing effect does not
exist in stoichiometric -carbide and arises only for carbon concentration less than 75
at% due to the strong Si-vacancy interaction. Nevertheless, the substitution energy for Si
is much lower in fcc phase (ΔH = –50 meV/atom) than in -carbide (ΔH = –8 meV/atom)
and Si is partitioned mainly in austenite matrix, which agrees with previous WDS
analysis 41 and our experimental results.
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Table 7. The lattice parameter a and changes in the enthalpy of formation ΔH
for the Si substitutions in nonstoichiometric Fe3AlC0.75 with <100> vacancy ordering
Fe3AlC0.75 Fe2.875Si0.125AlC0.75
a, nm

0.3727

0.3736

ΔH, meV/atom

0

-8

FACTSage thermodynamic modeling software was utilized to determine the
effect of silicon addition on the equilibrium amount of κ-carbide in a Fe-30Mn-9Al-0.9C0.5Mo alloy. κ-carbide was modeled as a solid solution carbide, (Fe,Mn)3AlCx. The
results are shown in Figure 9 for silicon additions of 0.5 and 1.5%.

Fig. 9 Thermodynamic modeling of the effect of silicon additions of 0.5 and
1.5%Si on the equilibrium composition of a Fe-30Mn-9Al-0.9C-0.5Mo alloy
shows an increase in the stability of κ-carbide with increasing silicon addition.
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It is shown that additions of silicon stabilize κ-carbide to higher temperatures. However,
the equilibrium amount of κ-carbide can be considered to be insensitive to silicon content
at temperatures less than 500° C with a composition of 15 wt.% κ-carbide. Silicon was
shown to stabilize κ-carbide by increasing the activity of carbon and thus decreasing the
solubility of carbon in austenite.
IV. DISCUSSION
Silicon was shown to slightly increase the size of κ-carbide during both early and
later stages of aging as shown in Figures 2 and 3, respectively. Increasing the amount of
silicon led to an increase in the wavelength of -carbide spacing along <100> from 15 to
greater than 20 nm (Figure 3) for specimens aged for 100 hrs at 530° C. The measured
wavelengths of modulated κ-carbide in the current study are consistent with previous
results by Sato et al. in which the wavelength was determined to be between 10 and 35
nm for Fe-(30-34)Mn-(8-11)Al-(0.9-1.0)C alloys aged for 216 hrs at 550° C.6 The
wavelength has been shown to increase with aging time 6,15,42 and this suggests that the
1.56% Si specimen that was aged for 100 hrs at 530° C is in a more advanced stage of
decomposition than the 1.07% Si specimen as shown in Figures 3 (a) and (b),
respectively. Han et al.12 report that diffraction satellites form as result of lattice
parameter variations caused by carbon fluctuations along <100> (spinodal
decomposition) while the presence of E21 superlattice reflections are from concurrent
ordering of C and Al. The presence of satellite intensity around austenite reflections and
the simultaneous existence of E21 superlattice reflections, as shown in Figure 2, suggests
that spinodal decomposition occurs concurrently with ordering of carbon and aluminum.
These results are consistent with the work of others suggesting that spinodal
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decomposition and ordering are concomitant in Fe-Mn-Al-C alloys.6,10-13,15 Decreasing
the aging temperature to 490° C drastically reduced the kinetics of coarsening and κcarbide observed in Figure 2 appears randomly distributed after 63 hrs. This is consistent
with the isothermal phase transformation diagram for a Fe-28Mn-8.5Al-1C-1.25Si alloy
given by Acselrad and co-workers that shows significant delay in κ-carbide coarsening
along cube directions at temperatures below 500° C.14 No evidence of austenite
decomposition or short range ordering was observed in the as-quenched state; however,
both satellite and superlattice reflections were observed to occur simultaneously from the
earliest stages of aging observed during the current study as shown in Figure 2. Thus, it
is impossible to determine if spinodal decomposition or short range ordering occurred
first.
The κ-carbide lattice parameters as determined from XRD varied from 0.371 to
0.373 nm and these results are consistent with reported lattice parameters between 0.370
to 0.375 nm for κ-carbide precipitation below 700° C in a Fe-28Mn-8.5Al-1C-1.25Si
alloy.14 Increasing both the silicon content as well as the aging temperature was shown to
increase the lattice parameter of κ-carbide while simultaneously decreasing the austenite
lattice parameter as silicon portioned to the austenite. Increasing the amount of silicon
from 0.59 to 1.56% Si increased the unconstrained misfit from 1.41 to 1.97% for alloys
aged for 48 hrs at 570° C, as shown in Table 2. Silicon partitioning to the austenite was
supported by ab initio calculations presented in this study as well as experimental
findings by Huang et al.42 Silicon has also been shown to stabilize heterogeneous
precipitation of D03 and B2 intermetallic phases.14 However, the presence of D03 or B2
iron aluminide phases was not detected by TEM or XRD in either of the silicon
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containing specimens, even after extended aging for 48 hrs at 570° C, as shown in Figure
4. This is in contrast to the findings of Liu and co-workers that report addition of 1.5% Si
to a Fe-29Mn-8Al-0.9C alloy enhanced the formation of D03 in as-quenched samples.44
3-D atom probe tomography determined that silicon content had no affect on the volume
fraction of κ-carbide. The volume fraction of κ-carbide was determined to between 0.18
to 0.19 after aging for 60 hrs at 530° C regardless of the amount of silicon. XRD profiles
also show no significant variation in the amount of κ-carbide with increasing silicon
content (Figure 4). The values of the volume fractions of κ-carbide from the current
study can be compared with 20% by volume as determined by XRD as per the results of
Kalashnikov et al.9 for a Fe-28Mn-8.5Al-1C-1.25Si alloy that was aged 16 hrs at 550° C.
Thus, the increased hardness with silicon addition cannot be attributed to an increase in
the size or volume fraction of κ-carbide nor can it be attributed to the formation of
intermetallic phases like D03. Alternatively, silicon may increase the strength and
hardness by increasing the coherency strain between the κ-carbide and the austenite
matrix.
It has been suggested that partitioning of manganese into the κ-carbide may
increase the strength of κ-carbide by increasing the amount of Mn-C bonds over weaker
Fe-C bonds and manganese rich κ-carbides were reported in an atom probe study of a Fe1.2C-3.2Mn-10Al (in at.%) steel.27 Additionally, Acelrad et al.8 reported that the addition
of silicon produces a partitioning of manganese from the austenite matrix into grain
boundary κ-carbide during aging and a study by Ishida et al.45 found evidence of
homogeneous κ-carbide with a manganese composition 2 to 5% greater than the austenite
matrix. However, in the current study, the manganese distribution across the interface of
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the matrix austenite and the κ-carbide was nearly homogenous as shown in Figure 8 (a)
and (d) and the partitioning coefficient for manganese was determined to be 0.9, meaning
slight partitioning of manganese to the matrix. In their study of a mostly ferritic alloy, it
was suggested by Seol et al.27 that the neighboring phase controls the partitioning of
manganese and aluminum in κ-carbide.

The study by Ishida confirms this to a degree

and although they show slight partitioning of manganese into the homogeneous κ-carbide
of austenitic alloys, they show significant partitioning of manganese, up to 15% greater,
when the neighboring phase to the -carbide is ferrite.45 While it is possible that an
increase in the number of Mn-C bonds may increase the strength of κ-carbide, silicon was
found to have little effect on the manganese distribution and thus manganese partitioning
is not responsible for the increase in hardness with increasing silicon addition.
The only notable effect of silicon on the composition of κ-carbide is that silicon
was shown to partition carbon into the κ-carbide during aging. Increasing the amount of
silicon increased the amount of carbon in the κ-carbide from 5.32 to 6.55 at.% , as shown
in Table 3. This is consistent with a κ-carbide composition of (Fe,Mn)3AlCx=0.3. In
comparison, the composition of the lamellar κ-carbide in a study by Seol et al.27 of a
mostly ferritic alloy was found to be (Fe,Mn)3(Fe,Al)Cx=0.7 as measured by atom probe
tomography. Utilizing X-ray diffraction and an empirical relationsip for the aplitude of
spinodal decomposition, Sato et al.6 calculated a κ-carbide composition of
(Fe,Mn)3AlCx=0.4 for a Fe-30Mn-9Al-0.9C-0.03Si (0.016% P) alloy that was aged for 16
hrs at 550° C. It should be noted that the stoichiometric κ-carbide has never been
experimentally observed and has only been theoretically addressed using first principles
modeling.
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As the amount of silicon was increased from 0.59% Si to 1.56% Si, the
partitioning coefficient of carbon increased from 2.1 to 2.9 as shown in Table 4. These
results are consistent with the work of Acselrad14 and Bannykh46 who showed that silicon
accelerates carbide precipitation from austenite and raises the activity of C in solid
solution. It was additionally reported that C and Si have similar levels of positive charge
in relation to iron ions and that they mutually repel each other, which is in agreement
with ab initio models in the current study.46 During aging, increasing the amount of
carbon, and to a lesser extent aluminum, in κ-carbide contributes to a continuous increase
in the lattice parameter with a simultaneous decrease in the austenite lattice parameter
and this produces a greater strain at the interface of the κ-carbide with the matrix.6,15
Increasing the amount of silicon in the matrix would further decrease the austenite lattice
parameter during aging and contribute to a greater misfit between the κ-carbide and the
matrix. Sato et al.6,15 showed that the increase in strength and hardness in Fe-Mn-Al-C
alloys during aging is related to the increase in the amplitude of the carbon concentration
which increases the strain amplitude as a function of time.
Figure 1 shows an increase in hardness for a fixed aging time as the silicon is
increased and this increased hardness may be explained by the change in carbon
amplitude during spinodal decomposition. A theory of spinodal hardening presented by
Kato et al.47 considered the increase in strength during aging to be the result of coherency
stress associated with the growth in the composition amplitude. Thus, it is proposed that
the increase in the carbon content of κ-carbide with increasing silicon content is
responsible for the higher hardness at a fixed aging time.
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The extent of hardening with increasing silicon in the current study may be evaluated
using the concentration amplitude of carbon determined from the atom probe analysis
according to the model by Kato et al. given below.47

(1)

(2)

Where Δτy is the increase in the shear stress, ε is the strain amplitude, and A is the
concentration amplitude of carbon which was measured to be 5.32 at.% and 6.55 at.% for
the 0.59 and 1.56% Si specimens that were aged for 60 hrs at 530° C. C11 and C12 are
elastic coefficients of the matrix and were taken to be 14.4x1010 and 8.7x1010 N/m2 which
were used by Sato et al.6 to accurately model increases in the yield strength during aging
of a Fe-29.5Mn-9.2Al-0.94C steel. It should be noted however that these values were
taken from the work of Salama and Alers and were determined for a single crystal of Fe30Ni .48. The parameter η is the change in the lattice parameter as a function of
increasing carbon concentration and η = da/dC·1/a. The change in the lattice parameter
with increasing carbon content was determined by Sato et al.6 to be 0.18 using the data of
Charles et al.49 for a similar Fe-30Mn-9Al-0.9C-0.03Si (0.016% P) alloy. As a
comparison, a η value for the change in the κ-carbide lattice parameter with increasing
carbon content was predicted to be 0.2 by extrapolating the data in Table 2. This is very
close to the value of 0.18 used in the Sato6 study. Multiplying Δτy by an appropriate
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Taylor factor of 3.06 gives the change in the yield strength due to spinodal hardening.
The increase in yield strength after aging for 60 hrs at 530° C was predicted to be 500 and
620 MPa for the 0.59 and 1.56% Si alloys, respectively. These calculated values can be
directly compared with the tensile properties in Table 8 obtained by Bartlett et al.5 for the
same 1.07 and 1.56% Si composition alloys used in the current study. Table 5 shows that
after 60 hrs of aging at 530° C, the yield strength increases by almost 500 MPa in the
1.56% Si alloy which can be compared with a 620 MPa increase in the yield strength as
predicted by the hardening model by Kato. 47

Table 8. Mechanical properties of the 1.07 and 1.56% Si alloys as obtained by Bartlett et
al.5
wt.% Si

a

Heat Treatment

Hdns,
BHNa

0.2% YS, MPa

UTS, MPa

% Elong.b

1.07

Solution treated

197

452

737

64

1.56

Solution treated

208

450

733

64

1.07

Aged 60 hrs at 530°C 350 ± 3

873 ± 17

953 ± 25

20.1 ± 10.1

1.56

Aged 60 hrs at 530°C 360 ± 6

937 ± 8.9

1016 ± 2.5

13.2 ± 4.2

Hardness Brinell (3000 kg) were converted from Rockwell B and C scale measurements
% elongation was measured in a 25.4 mm (1 inch) gage length
Uncertainty reported for test sample greater than 2 and represents one standard deviation

b
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In the solution treated condition, the mechanical properties are nearly identical
regardless of silicon content. However, in the 60 hr aged condition, increasing the silicon
content by 0.5 wt.% increased the yield strength by 64 MPa. The spinodal hardening
model by Kato46 predicts a 120 MPa increase in the yield strength with a 1 wt.% increase
in silicon for specimens aged for 60 hrs at 530° C. Within experimental error, the
spinodal hardening mechanism is in reasonable agreement with the experimental results
presented here as well as those presented by Sato et al.15
V.

SUMMARY
For specimens aged for 60 hrs at 530° C, it was determined that silicon increases

the size of κ-carbide precipitated, but not the volume fraction precipitated.. Silicon was
found to have little effect on the distribution of manganese and the κ-carbide was
depleted of manganese regardless of silicon content; thus, the increase in hardening was
not associated with changes in manganese content. Both experimental results and ab
initio calculations show that there is a repulsive interaction between carbon and silicon
and carbon prefers to be far away from silicon in solution. Silicon was found to partition
to the austenite during aging and silicon increased the activity of carbon in austenite.
Increasing the silicon content from 0.59 to 1.56 wt.% was found to increase the
partitioning of carbon in the κ-carbide from 5.2 to 6.6 at.%. The results of this study
suggest that the increase in strength during aging of high manganese and aluminum steels
is directly related to the increase in the compositional amplitude of carbon with silicon
addition. A theory of spinodal hardening was used to calculate the expected increase in
strength during aging with increases in the carbon concentration amplitude. The model
predicted a 120 MPa increase in strength with a 1wt.% increase in silicon for alloys aged
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for 60 hrs at 530° C and this is in reasonable agreement with previously determined
mechanical property data.
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The influence of phosphorus on κ-carbide precipitation and alloy partitioning in
Fe-30Mn-9Al-1Si-0.9C-0.5Mo cast steel was studied utilizing transmission electron
microscopy, 3-D atom probe tomography, and X-ray diffraction. Increasing the amount
of phosphorus from 0.006 wt.% to 0.043 wt.% increased the kinetics of the initial
ordering reaction and specimens from the high phosphorus material showed some degree
of short range ordering that took place during the quench and prior to any other stage of
transformation. It was shown that phosphorus increases both the size and volume
fraction of κ-carbide during aging. However, the distribution of phosphorus was found to
be homogeneous and thus long-range diffusion of phosphorus was not responsible for the
observed increase in hardening. It is suggested that phosphorus encourages short range
order and accelerates spinodal decomposition.
I.

INTRODUCTION
Lightweight steels in the Fe-Mn-Al-C system are being considered for high

energy absorbing applications in the transportation industry1 as well as for military cast
armor.2 Adding aluminum reduces the density and at a composition of Fe-30Mn-9Al-1Si0.9C-0.5Mo, these steels are 15% less dense than quench hardened and tempered 4130
cast steels while still retaining equivalent mechanical properties.3 All compositions in the
following text are expressed as weight percent unless otherwise specified. Steels that
contain from 5-11 wt.% aluminum and from 0.3-1.2 wt.% carbon are precipitation
hardenable when heat treated in the range of 450 to 700° C.1,2,4
Mechanical strength properties in these alloys are increased by age hardening.
Strengths as high as 2000 MPa and Charpy V notch (CVN) breaking energies as high as 221 J at
room temperature have been reported for solution treated and coldworked alloys.5,6 Solution
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treated cast alloys also have high work hardening rates and can attain strengths as high as
737 MPa with total elongations greater than 64%.7 Aging greatly increases the strength
of cast Fe-Mn-Al-C alloys to greater than 1000 MPa.7 However, increasing the degree of
age hardening decreased the dynamic fracture toughness from 419 to 166 kJ/m2 as
previously reported in a Fe-30Mn-9Al-1Si-0.9C-0.5Mo (0.001% P) steel that was aged
between 13 and 60 hrs at 530° C.3
Age hardening is the result of homogeneous and coherent precipitation of nanosized κ-carbide, (Fe,Mn)3AlCx, which has the E21 crystal structure in which aluminum
occupies corner positions, iron and manganese occupy face positions, and carbon is at the
body center interstitial octahedral site. κ-carbide has a cube on cube orientation
relationship with the austenitic matrix with <100>κ//<100>γ and {001}κ//{001}γ.8-12 The
κ-carbide is a non-stoichiometric intermetallic carbide in which the carbon deficiency can
range up to 50%. There is some ambiguity in literature as to the exact stages leading to
the formation of κ-carbide. It is generally accepted that first stage hardening in Fe-MnAl-C alloys is the result of compositional modulation which is accomplished by spinodal
decomposition into carbon rich6,12-14 or carbon and aluminum rich8,10,11,15 and depleted
zones. Chemical modulation is followed by precipitation of κ-carbide and coarsening
with morphological alignment along austenite <100>.
Short range ordering is suggested to occur concurrently with spinodal
decomposition by some authors6,8,12-14,16 and to follow spinodal decomposition by
others.10,11 Evidence of pre-clustering in the as-quenched state has been reported by
some to suggest that short range ordering may precede spinodal decomposition.15,17,18 In a
study by Karakishev et al. evidence was shown of E21 superlattice reflections in an as-
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quenched Fe-29Mn-9.3Al-0.95C-0.71W-0.42Nb-0.37Mo steel and using nuclear gamma
resonance methods, they showed SRO of aluminum in the solid solution austenite.19 It
has been suggested that short range ordering is responsible for the absence of an
incubation time during the first stage of age-hardening.15 Additionally, Prodhan et al.
report hardening in Fe-30Mn-(5-10)Al-(1.5-1.7)Si-(2.7-0.91)C cast alloys to be the result
of first stage ordering into a L12 type superlattice (Fe3Al) followed by subsequent
precipitation and growth of κ-carbide to be purely an ordering reaction followed by
particle coarsening.20 In part I of the current study, which discusses the effect of silicon
on age hardening of a Fe-30Mn-9Al-0.9C-0.5Mo steel, superlattice reflections were not
observed in the electron diffraction patterns of as-quenched specimens; however upon
aging, superlattice reflections were observed in combination with satellite reflections and
this suggests that the ordering reaction occurs concurrent to spinodal decomposition.21
Phosphorus has been shown to promote a brittle, cleavage fracture in cast steels.
In amounts greater than 0.006% P, phosphorus has been shown to decrease notch
toughness by up to 80% in an aged Fe-30Mn-9Al-1Si-0.9C-0.5Mo steel.7,22 First
principles calculations have shown that substitution of phosphorus for aluminum
positions in the κ-carbide is most favorable and creates open volume defects on {100}
when a stress is applied normal to the plane. Phosphorus substitution for aluminum in the
κ-carbide structure as previously reported by Medvedeva et al.23 relaxes the local bonding
character along the <100> as shown in Figure 1 (a). This results in a 45% reduction in
the cleavage stress of the κ-carbide and is predicted to be the mechanism behind
phosphorus decreasing the notch toughness in aged Fe-Mn-Al-C steels.23
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Phosphorus greatly increases the hardening rate in these steels.23 Age hardening
curves for Fe-30Mn-9Al-1Si-0.9C steels with from 0.001% to 0.043% phosphorus are
shown in Figure 1 (b) for specimens aged at 530°C.24 Phosphorus is shown to increase
both the hardness during aging as well as the hardening rate.24 Increasing the amount of
phosphorus from 0.001% to 0.018% P and greater was shown to decrease the activation
energy for the hardening process from 300 to 180 kJ/mol, which is in good agreement
with the activation energy for bulk diffusion of phosphorus in austenite.24 Therefore, on
the basis of experimental work and first principles modeling, it has been proposed that
phosphorus increases both the initial spinodal decomposition rate as well as the
precipitation and growth of κ-carbide and that this is related to diffusion of phosphorus
into κ-carbide.24 However, direct evidence of phosphorus partitioning has not been
reported in the literature.

(a)
(b)
Fig. 1 (a) The (101) projection of the E21 κ-carbide shows relaxation of the Fe-P bonds when
phosphorus substitutes for aluminum corner positions.23 (b) Increasing the amount of
phosphorus in a Fe-30Mn-9Al-1Si-0.9C-0.5Mo steel greatly increased the hardening rate for
steels aged at 530° C.24
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In recent years, 3-D atom probe tomography has emerged as a powerful tool for
determining compositions across interfaces with sub-nanometer resolution. This has
mainly been the result of increases in computing power and data collection rates as well
as significant increases in the field-of-view with the advent of the local electrode atom
probe.25 Local electrode atom probe (LEAP) tomography has been used to characterize
many systems that undergo spinodal decomposition , e.g. Ti-Al-N thin films26, Fe-Cr
binary alloys,27 and Fe-Ni-Mn-Al alloys .28 LEAP has also been used to validate
thermodynamic models and the spinodal compositions in the Fe-Cr system.29 Most
recently, LEAP has been used to determine the composition of lamellar κ-carbide in a
mostly ferritic Fe-3.2Mn-10Al-1.2C (in at.%) alloy.30
In part one of the current study the authors have shown using LEAP that silicon
increases the activity of carbon in solid solution austenite and partitions carbon into the κcarbide during aging.21 For this study, the effect of phosphorus on the size, composition,
and distribution of κ-carbide during aging in an Fe-30Mn-9Al-1Si-0.9C-0.5Mo steel is
investigated.
II.

EXPERIMENTS
Lightweight steels were cast with a nominal chemistry of Fe-30%Mn-9%Al-

1%Si-0.9%C-0.5%Mo. A high phosphorus steel with greater than 0.018% was prepared
using a new furnace lining and utilizing ferromanganese without calcium addition or Arstirring. Ferromanganese will contribute as much as 0.018% phosphorous if fully
recovered during alloy preparation. Additional phosphorus pickup can come from the
furnace refractory that contain phosphate bonding agents. Steels with low phosphorus
were made using electrolytic manganese, melted using a used furnace lining, and were

96

calcium treated followed by Ar-stirring prior to tapping. All heats were prepared in an
induction furnace under argon cover. Horizontal plate molds were prepared from
phenolic no-bake olivine sand. The thickness of the plates measured between 1.5 and 1.9
cm. All chemical analyses were performed by ion coupled plasma spectrometry after
sample dissolution in perchloric acid and are listed in Table 1. Specimens containing low
phosphorus and different silicon contents from part I of this study are also shown in
Table 1.

Table 1. Steel chemistries in weight percent.
Si

C

Mn

P

S

Mo

Al

Cu

1.01

0.89

30.20

0.006

0.001

0.31

8.85

-----

0.92

0.94

29.10

0.043

0.006

0.33

8.28

0.09

0.59*

0.95

30.35

0.002

0.006

0.54

8.74

0.01

1.07*

0.90

30.42

0.001

0.006

0.53

8.83

0.006

1.56*

0.89

29.97

0.002

0.007

0.53

8.81

0.006

* Previously reported from ref. 21.

Approximately 1.5x1.5x2.0cm rectangular test coupons were machined from the
center of the cast plates. Each alloy was solution treated for 2 hrs at 1050° C in
protective stainless steel bags. Specimens were individually water quenched into agitated
room temperature water. Aging was conducted in a salt pot containing a mixture of
sodium and potassium nitrate. The variation in temperature during aging was +/- 5°C.
Thin foils for transmission electron microscopy were prepared using a solution of 6%
perchloric acid, 60% methanol, and 34% butoxyethanol and a twin jet electropolisher
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operating at -20°C utilizing and a DC current of 30-40 mA. Thin foils were analyzed
using a Tecnai F20 TEM operating at 200 kV. LEAP specimens were prepared by
machining 0.3x0.3x10mm rectangular blanks from the center of the solution treated and
aged plates. Rectangular blanks were electropolished at room temperature in a two step
polishing procedure. Initial thinning of the specimen to 0.2 mm in diameter was
performed 20 V DC in a 10% perchlorc acid 90% acetic solution. Final polishing was
accomplished utilizing a solution of 2% perchloric acid solution in butoxyethanol at 12 V
DC to produce a tip radius less than 100 nm. Polished tips were analyzed using a local
electrode atom probe tomograph manufactured by Cameca, Madison, WI. Tips were held
in a vacuum of 6.5X10-11 torr at a temperature of 60 K. A 0.5% evaporation rate was
obtained at 500 kHz using 20 pJ laser pulse energy. Between 20 million and 500 million
atoms were detected from each of the respective specimens. IVAS 3.6 software was
utilized to construct a 3-D atom-by-atom representation of each specimen.
Specimens for X-Ray diffraction experiments were produced from bulk specimens that
were polished to a 6 µm finish. Specimens were analyzed at room temperature utilizing a
PANalytical X-PertPro diffractometer with Cu-kα radiation operating at 45 kV with a
tube current of 40 mA. A nickel monochromator was utilized to filter out Cu-kβ
radiation. Specimens were scanned over an angular range of 20 to 80° 2θ at a rate of 1/8°
min-1.
III. RESULTS
In the following text, the different alloys will be referred to by their phosphorus
contents in weight percent as listed in Table 1. It should also be noted that compositions
given by LEAP will be given in atomic percent. Thin foils were prepared from selected
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specimens to directly show the influence of phosphorus on the morphology, size, and
distribution of κ-carbide as a function of aging time and temperature. Figures 2 (a) and 2
(b) show the bright field images of the as solution treated and quenched specimens from
the 0.006% P and 0.043% P steels. In the 0.006%P specimen, there is no evidence of
austenite decomposition in the image and the corresponding [111] selected area
diffraction pattern (SADP) shows no evidence of satellite or superlattice reflections.

(a)
(b)
Fig. 2 Bright field images of the (a) 0.006%P and (b) 0.043%P specimens in the assolution treated condition. (a) The low phosphorus alloy shows dislocations in the
microstructure but no evidence of satellite or superlattice reflections in the corresponding
[111] zone diffraction pattern. (b) In contrast, the 0.043%P alloy shows diffuse
superlattice reflections in the corresponding [001] zone diffraction pattern (bottom left
inset) (b) The light contrast phase is DO3, Fe3Al, on an austenite grain boundary triple
point as evidenced by the corresponding [001] zone diffraction pattern in the upper right
corner of the image.
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A solution treated and quenched specimen of the high phosphorus alloy is shown
in Figure 2 (b). Figure 2 (b) shows a bright contrast phase on an austenite grain boundary
triple point in the as-solution treated 0.043% P specimen. This phase was determined to
be D03, Fe3Al, with a lattice parameter of 0.579 nm as evidenced by the corresponding
[001] SADP in the upper right corner of Figure 2 (b). The [001] SADP for the
surrounding matrix austenite is shown in the lower left corner of Figure 2 (b) and shows
diffuse E21 superlattice reflections that indicate SRO of Fe-Al-C. Dark-field images using
the superlattice were of insufficient intensity to discern any precipitates. Absence of
satellite reflections around main austenite reflections suggests that spinodal
decomposition has not taken place and that short range ordering of Fe-Al-C may have
occurred in the solution treated material. Figures 3 (a) and 3 (b) are bright field and dark
field electron micrographs, respectively, of a 0.006%P specimen that was solution treated
and aged for 10hrs at 530°C. The bright field image shows strain contrast in cube
directions and the corresponding [001] zone axis diffraction pattern shows satellite
reflections around main austenite reflections. A detail image of the austenite [400] shows
satellite reflections in cube directions as shown in the bottom left corner of Figure 3 (a).
Such satellites indicate a slight change in the austenite lattice parameter due to
differences in the austenite composition along <100> and are evidence of spinodal
decomposition. The dark field image in Figure 3 (b) was generated utilizing the [100]
superlattice reflection in the corresponding SADP in Figure 3 (a) and shows a high
number density of ordered domains that are less than 1 nm in diameter and randomly
distributed throughout the austenite matrix.
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(a)

(b)

(c)
(d)
Fig. 3 (a) Bright field image and corresponding [001] zone diffraction pattern of the
0.006%P alloy that was aged for 10 hrs at 530° C shows strain contrast that is modulated
in cube directions. The strain contrast is the result of spinodal decomposition of the
austenite along <100> as evidenced by the satellite reflections around the austenite [400]
spot in the lower left-hand corner of (a). (b) The dark field image of the same region in
(a) shows a high number density of fine (<1 nm) ordered regions that are randomly
distributed throughout the austenite matrix and are coarsening into clusters that are on the
order of 2-3 nm (bottom left inset image). (c) The bright field image of the 10 hr aged
(530° C) high phosphorus 0.043% P specimen and corresponding [001] diffraction
pattern shows strain contrast that is the result of growing κ-carbide along <100>.
Spinodal satellites are much closer to the austenite [400]. (d) The [001] dark field image
of the same area as in (c) shows a high number density κ-carbide that is arranged along
cube directions and coarsening into a cuboidal morphology.
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The E21 ordered regions appear to be particles that are no larger than 2-3 nm in diameter
as shown in the bottom inset image in Figure 3 (b). The bright field image of the 10hr
aged 0.043%P specimen is shown in Figure 3 (c) with the corresponding [001] SADP.
Strain modulation along cube directions is much stronger than in the low phosphorus
specimen and is the result of preferential coarsening of κ-carbide along <100>. The
inset image in Figure 3 (c) shows that after 10hrs of aging at 530° C, satellites can barely
be distinguished around the fundamental austenite [400] diffraction spot in the high
phosphorus specimen. As the spinodal decomposition reaction proceeds, the position of
satellite diffraction intensities will move closer to the fundamental austenite reflections.
Thus the diffraction patterns could be interpreted to indicate that the high phosphorus
specimen is in a later stage of decomposition when compared with the 10 hr aged 0.006%
P specimen in Figure 3 (a). The dark field image of the 0.043% P specimen is shown in
Figure 3 (d) and shows high number density of κ-carbides that are much larger with an
average particle size of 5 nm. κ-carbides are clearly periodic and arranged along cube
directions. The extent of coarsening of the κ-carbide can also be described in terms of a
growing wavelength, λ, of the modulated structure measured from the center of the κcarbide to the center of the next κ-carbide along <100>. The wavelength of the
modulations in the 0.043% P specimen was an average of 10 nm with a particle size
(measured along the cube edge) of 5 nm as shown in Figure 3 (d). At this stage of
coarsening, κ-carbides are adapting a cuboidal morphology and the bottom inset image of
Figure 3 (d) shows that the cuboids are composed of <1 nm thick chains or disks of
ordered zones that are periodic along a cube direction which is characteristic of systems
with a high degree of elastic anisotropy.
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The structure of the high and low phosphorus Fe-Mn-Al-C steels in both the
solution treated and aged condition was evaluated using x-ray diffraction. Evidence of
spinodal decomposition will manifest itself in the form of sidebands around fundamental
austenite reflections that grow in intensity and move closer to the main Bragg angle as
decomposition progresses.8 It should be noted that sidebands in XRD profiles are
analogous to satellite reflections in electron diffraction patterns, however they tend to
form only after extended aging for periods greater than 180 min at 550° C after spinodal
satellites in electron diffraction patterns have moved so close to fundamental reflections
that their spacing cannot be determined18 In the solution treated condition, both the
0.006% P and 0.043% P steels showed no evidence of decomposition and only
fundamental austenite peaks are observed as shown for an as-solution treated and
quenched 0.043% P specimen in Figure 4 and Figure 5 (a) After aging for 10 hrs at 530°
C, only the 0.043 phosphorus specimen showed evidence of spinodal decomposition in
the form of sidebands around the austenite (200) peak as shown in Figures 5 (b) and (c).
Thus, it can be concluded that after 10 hrs of aging at 530° C, the 0.043% P steel is in a
later stage of spinodal decomposition than the low phosphorus, 0.006% P steel.
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Fig. 4 The X-Ray diffraction pattern of the as-solution treated and quenched 0.043% P
specimen shows no evidence of decomposition and only fundamental austenite
diffraction peaks are observed.

(a)

(b)

(c)
Fig. 5 The detail image of the (200) austenite Bragg peaks are shown for the (a) as
solution treated 0.043%P specimen and (b and c) the 0.006%P and 0.043% P specimens
that were aged for 10 hrs at 530°C. (a) Sidebands were not observed in the solution
treated condition. (b) After 10hrs at 530°C, sidebands are beginning to form only in the
0.043% P specimen as denoted by the arrows.
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LEAP experiments were performed to determine the effect of phosphorus on the
size, distribution, and chemical composition of κ-carbide. Specimens from the 0.006% P
and 0.043% P steels plate were aged for 10 hours at 530°C. IVAS 3.6 software was used
to create an atom-by-atom reconstruction of each specimen. A virtual, rectangular,
“slice” of the total reconstruction volume was used for analysis. The κ-carbides were
discriminated from the matrix austenite by a 4 at.% C isoconcentration surface obtained
with a voxel size of 1 nm and a delocalization of 3 nm to be consistant with previous
analysis of low phosphorus material (< 0.003% P) of the same nominal chemistry but
with different silicon contents.21 Figures 6 (a) and 6 (b) show the reconstruction slices of
the 0.006% P and 0.043% P specimens, respectively, that were aged for 10 hours at
530°C. Carbon modulation in the 10 hour aged 0.006% P specimen was not apparent in
the reconstruction and the carbon concentration appears homogenous as shown in Figure
6 (a). Thus, κ-carbide could not be distinguished from the austenite matrix in the low
phosphorus specimen as shown in Figure 6 (a). The reconstructed slice of the 10 hour
aged 0.043%P specimen is shown in Figure 6 (b). κ-carbide is distinguished from the
matrix by the 4 at.%C isoconcentration surface which is shown oriented in a nearly cube
direction (see Figure 6 (b)). After 10 hours of aging at 530°C, the κ-carbide in the
0.043% P reconstruction appears not as discrete particles but as interconnected regions
aligned in cube directions. The volume fraction of κ-carbide in Figure 6 (b) was
determined to be 0.32 by summing the total number of atoms contained within the
isoconcentration surfaces vs. the total number of matrix austenite atoms in the
reconstruction and then determining the volume of each phase. Lattice parameters of
0.373 nm for κ-carbide and 0.367 nm for austenite were measured from x-ray diffraction
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patterns and used to calculate molar volumes. The interconnectivity of the κ-carbide in
the 0.043% P reconstruction made it difficult to determine the size of individual κcarbides, however, the interparticle spacing, λ, along a cube direction was determined to
be around 15 nm. It should be noted that APT artifacts can arise as a consequence of local
magnification or demagnification effects and can lead to errors when measuring distances
between interfaces.31
Evidence of clustering or short range ordering in the early stages of austenite
decomposition can be determined from LEAP reconstructions utilizing a radial
distribution function, RDF, that determines the number of nearest neighbor atoms as a
function of distance from center atom positions. The RDF is a representative of the
average radial concentration profile as a function of distance away from each detected
atom of a chosen element. In the current study carbon will be used as the center atom.
The RDF indicates the probability of finding an element i a distance r from each detected
carbon atom. Radial distribution functions were calculated using a step size of 0.1 nm
and the measured concentration at each position was normalized with respect to the bulk
concentration. The RDF is expressed as follows:

(1)

Where Ci(r) is the atomic concentration of element i at a distance r from center carbon
atoms. C0 is the average concentration of element i in the entire analyzed volume. RDF
can also be expressed in terms of the total number of atoms of element i at a distance r,
Ni(r), and the total number of atoms of all types, N(r). RDFs of iron, aluminum, carbon,
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and silicon content with respect to distance from center carbon atoms are shown in Figure
7 (a) and (b) for the 0.006% P and 0.043% P specimens, respectively, that were aged for
10 hours at 530°C. A value of the normalized composition greater than one indicates
SRO or clustering and a value less than one means that the atoms repel each other in
solution. Figure 7 (a) shows a tendency towards short range ordering or clustering of
carbon on a scale of less than 2 nm in the 0.006% P specimen with a peak normalized
carbon concentration of 1.02. In comparison, the 0.043% P specimen shows much
greater carbon clustering with a peak normalized carbon concentration of 1.10 and higher
than average carbon concentration on a scale up to 8 nm as shown in Figure 7 (b).

(a)
(b)
Fig. 6 Rectangular virtual slices of the total reconstruction volume corresponding to the
(a) 0.006%P steel and the (b) 0.043% P steel that were aged for 10 hours at 530°C
showing 50% of the total carbon atoms (green dots). (a) Compositional modulation of
carbon is not apparent in the 0.006% P specimen. (b) The 4at.% C isoconcentration
surfaces in the 0.043% P specimen show the high connectivity of the modulated structure
of the κ-carbide. Slice depth in both reconstructions is 25 nm.
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(a)
(b)
Fig. 7 Radial distribution functions showing the bulk normalized concentration of C, Al,
Fe, and Si as a function of distance from center carbon atoms for the (a) 0.006% P and (b)
0.043% P specimens that were aged for 10 hrs at 530° C. (a) There is a tendency
towards clustering of carbon atoms on a scale less than 2 nm in the low phoshphorus
specimen. (b) The high phosphorus specimen shows a higher amplitude carbon and
aluminum clustering at a much greater distance of up to 8 nm. Silicon is shown to
partition far away from carbon.

Aluminum is also shown to cluster with carbon in the 0.043% P specimen, however, at a
much smaller normalized concentration amplitude of 1.03, indicating only diffusion of
aluminum in the short range is required for precipitation of κ-carbide. Silicon is shown to
be anti-correlated with carbon and prefers to be far away from carbon atoms (Figure 7
(b)). Iron, manganese, molybdenum, and phosphorus atoms were randomly distributed
with respect to carbon in both specimens.
The evolution of the microstructure during aging can also be represented using a
2-D concentration contour plot representing a “thin slice” of the reconstruction. 2-D
concentration maps of the 0.006% P and 0.043% P 10 hr aged specimens were generated
using the IVAS 3.6 software utilizing a voxel (cube) size of 1 nm3. Concentration
contour plots corresponding to carbon and aluminum are shown in Figure 8 for the (a and
b) 0.006% P and (c and d) 0.043% P specimens. In the 0.006% P specimen, the carbon
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concentration varied between 2.4 and 4.4 at.% with a mean value of 3.3 at.% as shown in
Figure 8 (a). The aluminum concentration in the 0.006% P specimen varied from 16 to
19 at.% with an average value of 17 at.% as shown in Figure 8 (b). Aluminum is not
always modulated with carbon as shown in Figure 8 (a and b). At an equivalent aging
time of 10 hrs at 530° C, the peak concentration of carbon is much greater in the 0.043%
P specimen and carbon ranges from a concentration of 2.1 at.% to 6.0 at.% with a mean
value of 3.8 at.% C as shown in Figure 8 (c). The aluminum concentration in the 0.043%
P specimen ranged from a minumium of 15 at.% to a maximum of 21 at.% Al with an
average composition of 17 to 18 at.% Al as shown in Figure 8 (d). Regions of intense
carbon and aluminum concentration are not only smaller in amplitude in the 0.006% P
specimen, but they are also smaller in extent when compared to the regions of heavy
carbon and aluminum in the 0.043% P specimen. Both specimens show a very diffuse
interface between areas of high and low carbon concentration and this is an indication of
a spinodal decomposition. The lower concentration amplitude and smaller wavelength of
modulation in the low phosphorus alloy is evidence that the kinetics of spinodal
decomposition is slower when compared with the high phosphorus specimen.
Solute distribution across an interface can be determined using a proximity
histogram as a function of distance from an isoconcentration surface. The proximity
histogram or proxigram was developed by Hellman et al.32 and has the advantage in that
it can accommodate the curvature of interfaces. An isoconcentration surface is
constructed to define the second phase region and then the shortest distance from each
atom to the nearest surface is determined. The composition of each atom is identified and
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binned according to positive and negative distance from the interface. The concentration
can then be plotted as a function of distance from the interface.
Proxigrams of the solute distribution as a function of distance from the 4 at.%
isoconcentration surface in the 10 hr aged 0.043% P specimen are shown in Figure 9.
Figure 9 (a) shows that the κ-carbide is slightly depleted in iron and manganese and
enriched with as much as 21 at.% aluminum. The carbon amplitude reaches an average
concentration of 6 at.% in the κ-carbide as shown in Figure 9 (b). Silicon is shown to
partition to the matrix during aging. One of the most important results from the atom
probe analysis is that phosphorus was found to be randomly distributed between the
matrix and the κ-carbide as shown in Figure 9 (c). Thus the increase in the rate of
hardening with increasing phosphorus content is not related to long range diffusion of
phosphorus.
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(a)

(b)

(c)
(d)
Fig. 8 2-D concentration surfaces for carbon (a and c) and aluminum (b and d) as shown
for the 0.006% P (a and b) and 0.043% P (c and d) specimens that were aged for 10 hrs at
530° C. Diffuse interfaces and a growing carbon amplitude are indications of spinodal
decomposition. The carbon and aluminum peak concentrations are greater in the 0.043%
P specimen as well as the spacing between aluminum and carbon segregated zones.
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(a)

(b)

(c)
Fig. 9 Concentration profiles across the interface of the κ-carbide and austenite matrix
for Fe, Mn, Al, C, Si, Mo, and P for the aged for 10 hrs at 530° C. (a) The κ-carbide is
slightly depleted in Fe and Mn but enriched wth as much as 21 at.% Al. (b) The
amplitude of the carbon concentration in the κ-carbide to be around 6 at.%. Silicon
strongly partitions to the matrix during aging. (c) Phosphorus is randomly distributed
across interface with an average concentration of 0.02 at.%.

IV. DISCUSSION
In many metallic systems the mechanism for precipitation of ordered phases from
solid solution is not well understood because of the competing processes of phase
separation (clustering) and ordering. As a result, there are a number of routes by which a
supersaturated solid solution Fe-Mn-Al-C alloys may decompose into a two phase
mixture of ordered κ-carbide and disordered solid solution austenite. Most researchers
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consider that the first stage of decomposition in Fe-Mn-Al-C alloys is accomplished via
spinodal decomposition of the initially disordered matrix into carbon rich6,12-14or carbon
and aluminum rich8,10,11,15 and poor zones followed by ordering of those zones into the κcarbide structure. It is also possible κ-carbide may form as a result of nucleation and
growth of ordered domains followed by various stages of coarsening.20 A third method
involves spinodal decomposition occurring subsequent to or concurrent with first stage
continuous ordering as presented by Soffa and Laughlin.33 Both spinodal decomposition
and ordering mechanisms proceed at a high rate and it is difficult to determine the
decomposition sequence when both occur. Ordering is evidenced by the presence of
superlattice reflections in electron diffraction patterns while spinodal decomposition
produces satellite reflections around matrix diffraction spots.34-37 In the current study,
the high phosphorus (0.043% P) specimen exhibited evidence of short range ordering
corresponding to the κ-carbide structure in the as-quenched state as shown by E21
superlattice reflections in Figure 2 (b). Satellite reflections were not observed around the
fundamental austenite electron diffraction intensities in the as-quenched 0.043% P steel.
It should be noted that at a concentration of 0.043 wt.% P that the alloy is supersaturated
with respect to phosphorus and phosphides are present in the microstructure.22 It has
been estimated that the maximum solubility of phosphorus at the solution treatment
temperature is 0.018 wt.%. Thus short range ordering of Fe-Al-C into the E21 κ-carbide
structure occurs prior to any other decomposition sequence when phosphorus is as a great
as 0.018% . First principles calculations show that SRO of Fe-Al-C into the E21 crystal
structure in as-solution treated Fe-Mn-Al-C is energetically favorable over a
homogeneous solid solution.38
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Short range ordering prior to spinodal decomposition has been reported previously by
Acselrad et al.15 for an as-quenched Fe-28Mn-8.5Al-1C-1.25Si steel. They report 2-3 nm
ordered “zones” that were responsible for the absence of an incubation time during
spinodal decomposition.15 Acselrad and co-workers did not report the phosphorus
content of their steels.15 In comparison, the as-quenched low phosphorus (0.006% P)
specimen in Figure 2 (a) revealed no evidence of superlattice reflections or satellite
intensity near the fundamental reflections in electron diffraction patterns, indicating only
disordered solid solution austenite. This is evidence that phosphorus greatly increases
the prevalence of the ordering reaction and this is why high phosphorus alloys are
observed to have a much higher first stage age-hardening rate as shown in Figure 1 (b).
First principles calculations show that phosphorus substitutions for aluminum
corner positions in κ-carbide are most energetically favorable and this may be responsible
for the enhancement of the ordering reaction in the high phosphorus alloys.23
A random walk estimate of the short range ordering kinetics of phosphorus atoms
and aluminum atoms into κ-carbide corner positions during quenching was calculated.
Although the actual quench rate was not determined in the current study, a quench rate of
340°C/s was determined for 10x10x55mm rectangular bars from the work of Howell22
for the same nominal composition alloy that was quenched from 1050° C to room
temperature in agitated water. Acelrad et al. estimated the upper limit of homogeneous
precipitation of κ-carbide to be 650°C.15 Therefore a quench rate of 340°C/s yields a time
of 0.29s per 100°C of quench interval for a total time of 1.2s above 650°C. The
diffusivity of phosphorus and aluminum in austenite at 650°C was determined to be
7.15x10-13cm2/s and 2.51x10-14cm2/s, respectively, using reference values from reported
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diffusion data.39.40 For cubic metals the diffusivity is related to the jump frequency, Γ,
and the jump distance, α, by the following relationship.
(2)

Considering jumps between adjacent planes, this results in a total of 7.5x103 atomic
jumps of phosphorus and 4.2x102 atomic jumps of aluminum, an order of magnitude less,
during the quench. Thus, short range ordering of phosphorus into E21 corner positions of
the κ-carbide structure may be an order of magnitude faster than that of aluminum. It
should be noted that thermodynamic preference of phosphorus substitution for aluminum
corner positions was not taken into account in the above calculation.
The brightfield image in Figure 3 (a) and [001] zone diffraction pattern shows
strain modulation along cube directions. The presence of <100> aligned satellites
flanking high order austenite diffraction spots in Figure 3 (a) is evidence that the strain
modulation along cube directions and the corresponding brightfield image is consistent
with spinodal decomposition as reported previously for Fe-Mn-Al-C alloys15,16,18 as well
as many other systems.35,37,41 The 0.043% P specimen in Figures 3 (c) and 3 (d) shows
that the κ-carbide is adapting a cuboidal morphology and coarsening along cube
directions with satellite reflections that are much closer to fundamental reflections than in
the low phosphorus specimen in Figure 3 (a). These satellite reflections will move closer
to the fundamental matrix reflection as decomposition progresses and the wavelength of
the modulation grows.35,37,41 A comparison of the positions of the satellite reflections in
Figure 3 (a) and Figure 3 (c) provide evidence that the high phosphorus specimen is in a
much later stage of spinodal decomposition.
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Sidebands around fundamental x-ray diffraction peaks are equivalent to the
satellite reflections observed in electron diffraction patterns. Daniel and Lipson
demonstrated that sidebands around Bragg peaks of an aged Cu-Ni-Fe alloy were the
result of periodic composition modulation along <100> directions.42 Sidebands around
fundamental diffraction peaks have been used as evidence for spinodal decomposition in
a variety of different systems including Ag-Cu-Au alloys,43,44 Cu-Ni-Sn alloys,45 Cu-Ti
alloys,46 and by Sato et al.8 in their study of a Fe-30Mn-9Al-0.9C-0.016P steel aged at
550°C. Sidebands can be detected in Fe-Mn-Al-C alloys only after there is a sufficient
difference in the lattice parameter between the C and Al rich and poor zones.8,12
Diffraction patterns of the 10 hr aged specimens showed sidebands around austenite
peaks only in the 10 hr aged condition and only for the 0.043% P steel as shown in
Figures 4 and 5. Thus, from analysis of electron micrographs and XRD profiles, it is
most likely that spinodal decomposition follows short range ordering of Fe-Al-C into
clusters which have the same coordination as in the E21 κ-carbide structure. The faster
diffusivity of phosphorus appears to accelerate the ordering and subsequent spinodal
decomposition.
The precipitate interface during spinodal decomposition will generally be diffuse
compared with interfaces formed by nucleation and growth mechanisms.47,48 In most
cubic alloys, Young’s modulus will be a minimum in <100> directions and this gives rise
to a periodic and modulated structure along <100> that is frequently observed.35,41,49-51
However, a <100> periodic arrangement of precipitates is not always the result of
spinodal decomposition. Ardell and Nicholson52 determined that the <100> arrangement
of cube-shaped precipitates in a Ni-13.5at.%Al alloy was the result of classical nucleation
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and growth with selective coarsening along cube directions resulting from elastic
modulus differences between the matrix and precipitate phase. Likewise, it has been
suggested by some that hardening in Fe-Mn-Al-C alloys is simply the result of first stage
ordering followed by particle coarsening with alignment along <100> resulting from
elastic interactions between the κ-carbide and the matrix.20
Direct evidence of precipitation via nucleation and growth or spinodal
decomposition can be obtained utilizing atom probe microscopy. Hill and Ralph53
utilized atom probe field-ion microscopy (APFIM) to determine that ordered γ’ in a Ni14at.%Al alloy formed as a result of growing composition modulations rich in aluminum
that developed the stoichiometric Ni3Al composition only after extended aging times. In
contrast, the appearance of discrete stoichiometric Ni3Al particles after a slower quench
was determined to be via nucleation and growth.53 In a APFIM study by Hono et al.54 the
stoichiometric δ’ was observed in the as-quenched state of a Al-7.8 at.% Li alloy and thus
concluded that decomposition had already taken place. More recently, LEAP has been
used to evidence concurrent phase separation and clustering in duplex stainless steels.55
In the current study, κ-carbide was shown to exist as an interconnected structure rich in
carbon and aluminum as shown in Figures 6 (b) and 9 for the 0.043% P alloy that was
aged for 10 hrs at 530° C. An interconnected structure is typical for the spinodally
decomposing alloys and characterization of interconnected structures by LEAP has been
utilized as evidence for spinodal decomposition in Fe-Co-Mo alloys.56 The boundary
between the κ-carbide and the matrix austenite is also shown to be very diffuse, spanning
a distance of around 8 nm as shown in Figure 9. Although artifacts can arise because of
field evaporation differences that lead to error in accurately measuring distances,
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interfaces that form via nucleation and growth in γ/γ’ alloys are much sharper and span
only a distance of up to 2.5 nm.57 As mentioned above, a growing concentration
amplitude with aging time can only be accomplished by spinodal decomposition. 2-D
concentration contour plots obtained from 3-D LEAP reconstructions have been utilized
to prove the existence of spinodal decomposition in a variety of systems.26,29,56

In

Figure 10 the 2-D carbon concentration surface of the low phosphorus 0.006% P
specimen that was aged for 10 hrs at 530° C is compared to the carbon concentration
surface of a low phosphorus, 0.002% P, alloy with a similar nominal composition of Fe30Mn-9Al-1.56Si-0.9C-0.5Mo that was aged for 60 hrs at 530° C.21

(a)
(b)
Fig. 10 Carbon concentration contour plots corresponding to (a) the 10 hr aged 0.006% P
(1% Si) alloy in the current study and (b) a previously reported21 0.002% P alloy of
similar composition Fe-30Mn-9Al-1.56Si-0.9C-0.5Mo that was aged for 60 hrs at 530° C
show a growing carbon amplitude with aging time.
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For low phosphorus alloys, the carbon concentration amplitude is shown to
increase from an average of 4 at.% to 6 at.% as the aging time is increased from 10 to 60
hrs, thus indicating spinodal decomposition. Increasing the amount of phosphorus
greatly increased the spinodal decomposition rate as evidenced in Figure 8 by the much
higher carbon amplitude in the 10 hr aged 0.043% P specimen. However, phosphorus
was shown to be randomly distributed between the κ-carbide and the austenite matrix as
shown in Figure 9 (c). Thus, long range diffusion of phosphorus is not involved. It is
suggested that phosphorus increases the prevalence of the initial short range ordering
reaction and this accelerates subsequent spinodal decomposition. Table 2 lists the matrix
and κ-carbide compositions for the high and low phosphorus alloys that were aged for 10
hrs at 530° C in comparison to previously reported compositions for low phosphorus
alloys (0.002% P) of the same nominal composition but with different silicon contents.21
The matrix and κ-carbide compositions of the previously reported alloys with different
silicon contents and the 0.043% P alloy were determined from the plateau region of
proxigrams as shown in Figure 9. The κ-carbide could not be distinguished from the
matrix of the 10 hr aged low phosphorus specimen utilizing the 4 at.% C isoconcentration
surface as shown in Figure 6 (a). Instead, the average concentration of the peak and
valley regions of 2-D concentration surfaces was used to determine the concentration
amplitude and matrix compositions in the 10 hr aged 0.006% P specimen.
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Table 2. Compositions of the austenite and κ-carbide in atomic percent as determined by
LEAP for alloys with nominal bulk composition Fe-30Mn-9Al-XSi-0.9C-0.5Mo (wt.%).
0.006 wt.% P, 1.01 wt.% Si aged for 10 hours at 530° C
Phase
Fe
Mn
Al
C
Si
48.8
30.0
16.4
2.7
3.0
austenite
46.2
27.5
18.3
4.0
2.4
k-carbide
0.043 wt.% P, 0.92 wt.% Si aged for 10 hours at 530° C
Phase
Fe
Mn
Al
C
Si
49.1
28.4
16.4
2.5
3.1
austenite
44.6
26.8
20.2
5.9
1.9
k-carbide
21
0.002 wt.% P, 0.59 wt.% Si aged for 60 hours at 530° C
Phase
Fe
Mn
Al
C
Si
50.0
28.4
17.0
2.5
1.4
austenite
46.0
26.4
21.1
5.3
0.75
k-carbide
0.002 wt.% P, 1.56 wt.% Si aged for 60 hours at 530° C21
Phase
Fe
Mn
Al
C
Si
49.1
28.1
16.2
2.3
3.9
austenite
42.3
26.3
21.1
6.6
2.6
k-carbide

It is shown that the carbon amplitude increases from 4 to between 5.3 and 6.6
at.% C (depending on the silicon content) when low phosphorus alloys are aged from 10
to 60 hrs at 530° C.21 However, after only 10 hrs of aging, the high phosphorus, 0.043%
P, specimen has a greater carbon amplitude than a previously reported low phosphorus
(0.002% P) alloy containing Fe-30Mn-9Al-0.59Si-0.9C-0.5Mo alloy.21
Recent studies of silicon in low phosphorus, 0.002% P, Fe-30Mn-9Al-0.9C0.5Mo alloys found that hardening was the result of an increase in the concentration
amplitude of carbon during aging as proposed by Kato et al.21,58 Figure 1 (b) shows the
530° C age hardening curves for the 0.006% P and 0.043% P steels. It is shown that after
10 hrs of aging, the 0.043% P alloy has attained similar a similar hardness as the peak
aged 0.006% P specimen that was aged for 60 hrs. Thus, previously reported age
hardening curves are in agreement with the current study.24
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A theory of spinodal hardening presented by Kato et al.58 considered the increase
in strength during aging to be the result of coherency stress associated with the growth in
the composition amplitude. The extent of hardening with evaluated using the
concentration amplitude of carbon determined from the atom probe analysis according to
the model by Kato et al. given below.58

(1)

(2)

Where Δτy is the increase in the shear stress, ε is the strain amplitude, and A is the
concentration amplitude of carbon which was measured to be 5.9 and 4.0 at.% for the
0.043% P and 0.006% P specimens that were aged for 10 hrs at 530° C. C11 and C12 are
elastic coefficients of the matrix and were taken to be 14.4x1010 and 8.7x1010 N/m2 which
were used by Sato et al.8 to accurately model increases in the yield strength during aging
of a Fe-29.5Mn-9.2Al-0.94C steel. It should be noted however that these values were
taken from the work of Salama and Alers and were determined for a single crystal of Fe30Ni .59 The parameter η is the change in the austenite lattice parameter as a function of
increasing carbon concentration and η = da/dC·1/a. The change in the austenite lattice
parameter with increasing carbon content was estimated by Sato et al.8 to be 0.18 for a
similar composition Fe-30Mn-9Al-0.9C-0.03Si (0.016% P) alloy using the data of
Charles et al.60
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Multiplying Δτy by an appropriate Taylor factor of 3.06 gives the change in the yield
stress due to spinodal hardening. The increase in yield strength after aging for 10 hrs at
530° C was predicted to be 370 and 550 MPa for the 0.006 and 0.043% P alloys,
respectively. Howell et al. studied the tensile properties of a Fe-28.8Mn-8.3Al-0.9C-1Si0.5Mo alloy with high phosphorus, 0.06% P.

After age hardening for 10 hrs at 530° C,

they reported a 433 MPa increase in the yield strength, from 458 MPa in the solution
treated condition to 891 MPa after aging.2 It should be noted that for Fe-30Mn-9Al-0.9C
alloys, compositions of about 0.02 wt.% P and above exceed the solubility limit of
phosphorus in these steels and as such, hardening resulting from solid solution
phosphorus would be expected to be comparable between phosphorus levels of 0.043 and
0.06% P. Thus, the theoretical increase in strength of 550 MPa for the 0.043% P alloy in
the current study can be compared with a 433 MPa increase in strength as observed by
Howell et al. for a 0.06% P steel for the same aged condition.2

Although the hardening

model overestimates the increase in yield strength by about 120 MPa, theoretical results
fit experimental results reasonably well.
V.

SUMMARY
Atom probe tomography, transmission electron microscopy, and X-Ray

diffraction were used to determine the effect of phosphorus on the precipitation and
composition of κ-carbide during aging. In the alloy containing 0.043 wt.% P the
precipitation of κ-carbide was determined to form first by ordering of Fe-Al-C into the
E21 structure and this was followed by spinodal decomposition involving mainly the
diffusion of carbon along austenite <100>. Phosphorus was shown to increase the
prevalence of the ordering reaction and high phosphorus, 0.043% P, specimens showed
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short range ordering that took place during the quench. In contrast, neither short range
ordering nor spinodal decomposition took place during the quench in the low phosphorus
specimens, 0.006% P. High phosphorus specimens showed a higher increase in the
concentration amplitude of carbon during aging when compared with low phosphorus
specimens of equivalent composition and this was determined to be the mechanism
behind the increase in the increased hardening rate with increasing phosphorus.
However, long range diffusion of phosphorus was not involved in the observed increase
in the hardening rate and the phosphorus distribution was random. It is therefore
suggested that phosphorus increases the initial ordering reaction and that this greatly
accelerates the later stage of spinodal decomposition.
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ABSTRACT
Dynamic fracture toughness was evaluated as a function of aluminum and carbon
content in laboratory cast Fe-28%Mn-(2.9-9)%Al-0.9%Si-(0.9-1.8)%C-0.6%Mo steels.
Both the solution treated and aged castings showed an increase in toughness with
decreasing aluminum content. In the solution treated condition, decreasing the aluminum
content from 6.5% to 2.9% resulted in an 85 kJ/m2 increase in toughness at a constant
carbon content of 0.9%. Increasing carbon from 0.9% to 1.2% in solution treated 2.9%Al
steels resulted in a 125 kJ/m2 increase in toughness from 605 to 730 kJ/m2. As the
amount of aluminum was reduced from 9 to 6.5% Al, toughness increased from 160 to
370 kJ/m2 in castings aged to approximately 300 BHN. Carbon additions greater than
1.2% reduced the toughness of aged castings and produced brittle fracture, which was
associated with increased κ-carbide precipitation. Laboratory heats contained up to four
times the amount of AlN than an commercially cast steel of similar composition and the
high AlN content decreased the dynamic fracture toughness by 200 kJ/m2. It is
anticipated that with a clean melt practice and limiting the aluminum content in aged
castings to 6.5%, while simultaneously keeping C below 1.2%, will produce up to a 200
kJ/m2 increase in toughness when compared with a Fe-30%Mn-9%Al-1%Si-0.9%C0.5%Mo steel.
INTRODUCTION
Recent research has focused around lightweight austenitic Fe-Mn-Al-C steels for
use in structural and high energy absorbing applications. Additions of 4-12wt.%
aluminum reduce the density by up to 18% when compared with quench and tempered
(Q&T) steels without a sacrifice in strength and toughness.1,2 Fully austenitic
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compositions typically contain from 20-30 wt.%Mn and greater than 0.7 wt%C.2,3 All
compositions in the following text are expressed as weight percent unless otherwise
specified as a stoichiometric formula and then the composition is in an atomic proportion.
The combination of low density with high strength and high work hardening behavior at
elevated strain rates makes steels in the Fe-Mn-Al-C system very attractive for high
energy absorbing applications.1,2 Ultimate tensile strengths as high as 2000 MPa and
Charpy V notch (CVN) breaking energies as high as 221 J at room temperature have been
reported for solution treated wrought alloys.4,5 Fe-Mn-Al-C steels that contain greater
than 5% Al and greater than 0.3% C are age-hardenable when isothermally held in the
temperature range of 400 to 700°C and strengthening is the result of homogeneous and
coherent precipitation of nano-sized κ-carbide.3,6-13 Depending on the composition and
heat treatment, age-hardenable cast alloys have excellent toughness and high strengths.
Most studies have centered around slight variations of the fully austenitic composition of
Fe-30Mn-9Al-1Si-0.9C-0.5Mo because at this composition these steels are almost 15%
less dense and have properties that are equivalent to or exceed that of Q&T 4130
castings.14 High strengths of up to 1000 MPa with total elongations of 35% and room
temperature CVN breaking energies greater than 135 J have been reported for aged low
phosphorus (<0.007%P) cast steels of nominal composition Fe-30Mn-9Al-1Si-0.9C.14,15
Notch toughness of high strength steel has traditionally been characterized by the
CVN breaking energy, which is a geometry specific parameter and is therefore only a
qualitative measure of toughness under impact loading. To qualify lightweight Fe-MnAl-C steels for high energy absorbing applications, knowledge of the high strain rate
fracture toughness, or dynamic fracture toughness, in the presence of a sharp crack is
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desired. The fracture toughness of high strength steels can be characterized by either a
linear elastic fracture mechanics (LEFM) approach or an elastic plastic fracture
mechanics (EPFM) approach. Dynamic fracture behavior of brittle materials that have
limited plasticity around the crack front is characterized by LEFM as the critical stress
intensity factor, KId.16 For ductile materials, such as the austenitic Fe-Mn-Al-C steels,
failure is governed by the flow properties around the crack tip and the LEFM approach is
no longer valid.16 Thus, for materials exhibiting crack tip blunting an EPFM approach is
necessary and the flow characteristics can be described by the path independent J
integral, which is equivalent to the energy release rate in elastic-plastic materials.16 The
dynamic fracture toughness of ductile materials, JId, is therefore defined as the critical
value of the J integral near the onset of stable crack growth.17 However, dynamic
fracture toughness (DFT) is often difficult to measure because of high crack extension
rates during impact loading. Instrumented Charpy impact tests on fatigue pre-cracked
specimens provide a reproducible way of measuring the time dependency of force and
crack displacement at elevated loading rates; and thus, provide a means of measuring
DFT. Schindler18 has devised a single specimen technique for determining the dynamic
fracture toughness, JId, from instrumented Charpy tests. The only experimental inputs
necessary for this technique are the peak load (Pmax), the energy consumed up to the peak
load (Emax), and the total facture energy (Etot), all of which can be determined in a
straightforward fashion from the instrumented load vs. crack displacement data. A
complete description of the test procedure and analysis of the data may be obtained from
a reading of Schindler18, ASTM E 182019, and ASTM E 81317. A standard procedure for
determining DFT has not been agreed upon; however, the Schindler18 method has been
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shown to be in excellent agreement with other single specimen and multispecimen
experimental methods20 and has been widely used to characterize the dynamic toughness
of both wrought and cast high strength steels.21-23
For a given composition, high strain rate fracture in Fe-Mn-Al-C steels is mainly
dependent on heat treatment and cleanliness. Age hardening sharply reduces toughness
and promotes both transgranular and intergranular cleavage fracture which is associated
with κ-carbide precipitation as well as precipitation of grain boundary intermetallic
phases.24 The Schindler18 method was recently used to compare the DFT of Q&T, Ni
alloyed Cr and Mo cast steels with that of a cast Fe-30Mn-9Al-1Si-0.9C-0.5Mo
(0.001%P) steel aged to an equivalent hardness of 36-38 HRC.23 It was found that the
lightweight Fe-Mn-Al-C steel achieved an equivalent dynamic fracture toughness in the
hardness range of 37-38 HRC as quench and tempered HY130 (5.5% Ni) with a DFT of
153 kJ/m2.23 However, with less age-hardening and at a lower hardness of 32 HRC, the
Fe-Mn-Al-C alloy obtained more than twice the toughness (376 kJ/m2) of the cast Cr and
Mo high strength steel.23 Phosphorus and cleanliness also have a dramatic effect on the
toughness of lightweight steels. Phosphorus in amounts greater than 0.006% P has been
shown to increase the aged hardness but promote brittle cleavage fracture.14,15,25
Howell15 reported a 100 J decrease in CVN breaking energy in a 10 hr aged (530°C) Fe30Mn-9Al-1Si-0.9C-0.5Mo steel as phosphorus increased from 0.001 to 0.043% P. The
deleterious effects of phosphorus on the toughness of Fe-Mn-Al-C steels can be
minimized by adding rare earth metals (REM) in the form of misch metal during melting
to tie up phosphorus as complex (Ce,La) phosphides.26

Melt practice can additionally

affect the cleanliness of high strength cast steel because it affects the inclusion type,
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morphology, and distribution; and thus, can affect the fracture behavior. Bartlett et al.
have shown that excess additions of misch metal above what is needed to remove
phosphorus results in the formation of brittle (Ce,La)Si2 with a commensurate loss in
CVN impact energy.26 In addition, Schulte et al.27 determined that there was an inverse
relationship between AlN content and CVN breaking energy in Ce-treated Fe-30Mn9Al-1Si-0.9C-0.3Mo steel castings. Castings with less than 5 particles/mm2 of AlN had
nearly twice the -40°C breaking energy than castings with 50 particles/mm2 of AlN.27
When casting Fe-Mn-Al-C steels, a clean melt practice utilizing Ar-cover to limit N
pickup and judicious amounts of misch metal for control of phosphorus is desired for
maximizing notch toughness.
From the above literature survey, it is clear that the fracture properties of
lightweight Fe-30Mn-9Al-1Si-0.9C-0.5Mo steels are a complex function of agehardening, phosphorus content, and cleanliness. However, fracture properties may also be
a function of aluminum and carbon additions. The deformation mechanisms which are
responsible for the high strain hardening rates and excellent ductility in high manganese
steels are controlled by the intrinsic stacking fault energy.28,29 When the stacking fault
energy (SFE) is below 18 mJ/m2, strain induced ε-martensite can occur, while twinning is
reported to occur at values of SFE between 12 and 35 mJ/m2.30 Deformation twinning is
delayed at higher values of SFE and deformation is accomplished by planar slip.31
Additions of aluminum and carbon greatly increase the stacking fault energy and
suppresses deformation twinning to a higher critical stress.32 However, aluminum
alloyed manganese steels continue to have high work hardening rates which is associated
with planar glide and the formation of dislocation sheets before twinning regardless of
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stacking fault energy.33 It has been suggested that the mechanism of superior strength
and plasticity in austenitic high manganese steel is the result of dynamic strain aging
associated with short range order (SRO) and the formation of Mn-C dipoles in solid
solution austenite.34 Aluminum has been shown to decrease the work hardening rate in
both wrought and cast steels as evidenced by tensile tests.35,36 Correspondingly,
increasing the amount of carbon in solid solution from 0.2 to 1.1% in wrought solution
treated Fe-29Mn-9Al alloys has been shown to simultaneously increase both the strength
and ductility.37 However, studies of cast alloys have mostly considered the effect of
silicon on the mechanical properties of the nominal Fe-30Mn-9Al-0.9C
composition.2,14,25,26 And there have been limited studies on the effect of aluminum and
carbon on the high strain rate fracture of these alloys. The current study will evaluate the
effects of age hardening, casting cleanliness, and aluminum and carbon additions on the
dynamic fracture toughness of a cast Fe-Mn-Al-C steel.
EXPERIMENTAL PROCEDURE
Three heats with a nominal chemistry of Fe-30%Mn-X%Al-1.3%Si-0.5%Mo
were prepared under argon cover in a 200 lb induction furnace. Charge materials
consisted of high purity induction iron, electrolytic manganese, and 356 aluminum. All
heats were melted under argon cover, calcium treated to remove sulfur, rare earth treated
to remove phosphorus, and argon stirred. Dross brought to the surface by argon stirring
and was removed prior to casting. Each 200 lb heat contained different levels of
aluminum and each heat was divided into three separate pours with different carbon
levels using increasing additions of high purity graphite, which was added in the furnace
by plunging beneath the melt. Heats were tapped into a 100 lb teapot style ladle and the
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weight of each heat was measured utilizing a digital Toledo scale. The resulting melt was
poured into preheated investment shell molds for wear specimens and bonded olivine
sand Y-block molds for DFT specimens. Heat chemistries were determined using a
Verichek Foundry-Master UV arc spectrometer and a Leco CS6000 carbon-sulfur
analyzer (see Table 1).

Table 1. Chemical composition of alloys in weight percent
Alloy

Fe

C

Si

Mn

P

Cr

Mo

Ni

Al

Cu

Heat
1-A

59.7

0.89

0.95

28.6

<0.0014

0.064

0.64

0.020

9.08

0.0064

Heat
1-B

59.4

1.04

0.94

28.5

<0.0014

0.073

0.59

0.020

9.49

0.0053

Heat
1-C

59.0

1.22

0.99

29.3

<0.0014

0.079

0.62

0.036

8.76

0.0065

Heat
2-A

62.7

0.88

0.87

28.4

<0.0014

0.058

0.62

0.019

6.51

0.0053

Heat
2-B

62.6

1.22

0.89

27.9

<0.0014

0.071

0.59

0.034

6.61

0.0057

Heat
2-C

61.5

1.83

0.90

29.1

<0.0014

0.075

0.56

0.048

6.14

0.006

Heat
3-A

67.5

0.90

0.86

27.2

<0.0014

0.056

0.60

0.021

2.88

0.0042

Heat
3-B

66.6

1.20

0.93

27.6

<0.0014

0.142

0.57

0.073

2.93

0.0063

Heat
3-C

66.9

1.61

0.92

27.0

<0.0014

0.214

0.55

0.105

2.89

0.0076
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Y-block castings were milled into 14 mm thick rectangular plates and rough
machined into 14×14×55 mm bars using a wet abrasive cut off saw. Bars were solution
treated at 1050° C for 2 hrs in protective stainless steel heat treating bags and then rapidly
quenched into room temperature water. Specimens were finish milled to 10×10×55 mm
rectangular bars. Aging was conducted in a salt pot for up to 24 hrs at 530 ± 5°C. After
heat treatment, a 2.5 mm deep notch was cut midsection using a diamond wafering blade
to facilitate uniform fatigue crack initiation. The specimens were lightly ground with 800
grit abrasive to produce sufficiently smooth surfaces to measure the fatigue cracks. Care
was taken not to destroy dimensional tolerances during grinding.
Specimens were fatigue pre-cracked in three point bending according to ASTM
E1820 specifications. Loading on the specimens was incremenally reduce during precracking to avoid large plastic strain fields that might affect measurement of the fracture
toughness. The specimens were broken on a Tinius Olsen model 84 Charpy pendulum
impact machine outfitted with an instrumented tup and a high-speed data acquisition
system. Measurements of the crack length were conducted after fracture using optical
microscopy and Image J software. The total crack length, saw notch plus fatigue precrack, varied between 4.0 and 6.0 mm and was determined by using the nine point
averaging method described in the ASTM E813 standard. Hardness was measured using
the Rockwell C scale and converted to an appropriate Brinell hardness number (BHN).
Uncertainties in the reported measurements were determined as a sample standard
deviation for sample sizes greater than three. Metallographic specimens for optical
microscopy and inclusion analysis were prepared from broken test bars and the plane of
polish was just beneth the fracture surface. Inclusion analysis was performed utilizing an
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ASPEX Pica 1020 scanning electron microscope (SEM) with automated feature analysis.
Fracture surfaces were retained and analysis of the fractured surface was conducted using
a Hitachi S570 SEM.
RESULTS
Results from the chemical analysis showed that the aluminum content in the
castings varied from 2.9 to 9.5% Al and the carbon content varied from 0.9 to 1.8% C, as
shown in Table 1. Chromium and nickel were slightly elevated with levels up to 0.2%
Cr and 0.1% Ni in Heat 3-C. The higher than anticipated Cr and Ni levels are a result of
the method used to charge carbon. Graphite was folded into stainless steel bags and
plunged beneath the melt leading to an increase in residual Cr and Ni with increasing
carbon content as shown in Table 1. In the following text these alloys will be described
by their heat numbers and sub-heat letters consistent with the nomenclature given in
Table 1.
Pouring of Heat 2-C resulted in an incomplete fill and thus the resulting casting
was full of oxide folds and macroshrinkage and was therefore of insufficient quality for
evaluation of mechanical properties. Castings from the other heats were of sufficient
quality for testing. In the solution treated condition, all of the castings were nearly 100%
austenitic with less than 1% ferrite. A representative image of the solution treated
microstructure of Heat 3-B is given in Figure 1 and shows a fully austenitic
microstructure with a secondary dendrite arm spacing of 40-50 μm. The solution treated
microstructures and SDAS of the other Al and C containing alloys were similar. Heats
containing less than about 6% Al and less than 0.9% C showed limited age hardening
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capacity and thus, Heats 3 (A, B, and C) and Heat 2-A were tested in the solution treated
condition only. All other heats were evaluated in the age hardened condition.

Fig. 1 The optical micrograph of an un-deformed specimen from Heat 3-B shows a fully
a fully austenitic matrix and has been etched with Klemm’s reagent to show segregation
and porosity in the last areas to solidify.

The effect of aluminum content on the dynamic load vs. displacement curves of
solution treated alloys with a constant carbon content of 0.9% is shown in Figure 2 (a and
b) for specimens from Heats 2-A and 3-A. A method of moving averages was used to
smooth the load vs. displacement data, as outlined by Kalthoff and Gregor,38 to eliminate
specimen “ringing” and for determination of experimental inputs used in determining
DFT. Both curves in Figure 2 (a and b) show Type IV fracture, that is characterized by
stable crack growth by ductile tearing, which is the desirable behavior for high energy
absorbing applications.
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(a)

(b)

(c)

(d)

(e)

(f)

Fig. 2 Dynamic load vs. displacement curves show (a and b) type IV fracture behavior in
the solution treated condition with a decrease in the fracture energy and DFT as the
aluminum content increased from 2.9 to 6.5% Al at a constant carbon content of 0.9% C.
Continued aging greatly reduced the toughness of specimens from Heat 2-A with (c)
type IV fracture the specimen aged to 286 BHN and (d) type II fracture observed in the
specimen aged to 335 BHN. For a constant aluminum content of 9%, Increasing the
carbon content from (e) 0.9% C to (f) 1.2% C in specimens aged in the range of 300
BHN lead to a sharp decrease in the fracture energy and tended toward brittle type I
fracture behavior with excessive ringing in the instrumented data.
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Increasing the aluminum content from 2.9 to 6.5% Al decreased the dynamic load
carrying capacity and lead to a decrease in the crack propagation load for the solution
treated specimens shown in Figures 2 (a and b). Figures 2 (c and d) show the effect of
age hardening on the crack growth resistance curves of specimens from Heat 2-B with
6.6% Al and 1.2% C. Increasing the aging time from 8hrs to 24hrs was shown to
transition the fracture behavior from Type IV fracture (Figure 2c) to Type II fracture
(Figure 2d) and indicates only a small amount of stable crack extension before fracture at
the peak load. Increasing the amount of carbon from 0.9% C to 1.2% C in Heat 1, aged
to a hardness of approximately 300 BHN, transitioned the fracture from Type II to Type I
with crack initiation at the maximum load and followed by unstable crack propagation to
failure, as shown in Figures 2 (e and f).
The dynamic response of Fe-Mn-Al-C alloys was shown to vary with chemistry
and aging treatment as shown in Figure 2. For fractures characterized as Type II, III, and
IV failure, an EPFM approach was used to determine DFT via the Schindler18 model as
JId. However, for Type I failure where unstable crack propagation was initiated at the
peak load and without general yielding as shown in Figure 2 (f), a LEFM approach was
utilized to determine KId according to the ASTM E 399 standard using the following
equations.21,39
(1)

(2)
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In the above Pmax is the maximum load obtained from the force vs. displacement
curves, a is the total pre-crack length, W is the specimen width, B is the specimen
thickness, and S is the span. KId values obtained from the LEFM method were
subsequently converted to an approximate JId values using the following conversion
given in Anderson.16
(3)
For plane strain, the effective modulus, E’, has the following relationship with Young’s
modulus, E, and Poisson’s ratio, v.
(4)
The value of Poisson’s ratio was taken to be v = 0.3 after the work of Gebhardt et al.40
and Young’s modulus was taken to be 188 GPa after the work of Howell et al.2
The dynamic fracture toughness values obtained from the instrumented Charpy
tests are presented in Table 2. DFT was determined utilizing EPFM and the Schindler18
method unless otherwise indicated. Heat 1 alloys with 9% Al showed a decrease in
toughness with increasing carbon content and DFT decreased from 160 kJ/m2 to less than
77 kJ/m2 for specimens aged in the range of 300 BHN (see Table 2). Aged specimens
from Heat 1-C showed immediate fracture upon loading and thus the peak load could not
reliably be determined from load vs. displacement curves and an accurate determination
of DFT was not possible using the Schindler18 method or by utilizing the LEFM model.
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Table 2. Dynamic fracture toughness as a function of aluminum and carbon content.

Heat

%Al

%C

Al/C

1-A

9.08

0.89

10.2

1-B

9.49

1.04

9.1

Average
Fracture

Heat
Treatment

Hardness,
BHN

DFT,
kJ/mm2

Aged 8hrs

275 ± 10

160

49

Aged 8hrs

295 ± 21

77

17

Aged 20hrs

340 ± 15

60*

12

Energy,
J/cm2

1-C

8.76

1.22

7.2

Aged 1hr

300 ± 13

-

10 ± 2

2-A

6.51

0.88

7.4

Solution
Treated

224 ± 31

520 ± 68

115 ± 13

Aged 8hrs

286 ± 10

368

94

Aged 24hrs

335 ± 10

110* ± 60

25 ± 9

2-B

6.61

1.22

5.4

3-A

2.88

0.90

3.2

Solution
Treated

228 ± 21

605 ± 110

121 ± 18

3-B

2.93

1.20

2.4

Solution
Treated

240 ± 23

731 ± 111

138 ± 17

3-C

2.89

1.61

1.8

Solution
Treated

298 ± 10

240 ± 60

64 ± 19

*Determined using LEFM
Error reported as sample standard deviation for a sample size greater than three

For specimens from Heat 1-C, toughness was estimated as an average fracture
energy utilizing the total breaking energy given by the dial gage and compared to the
fracture energy of the other heats. The total average fracture energy decreased from 49
J/cm2 to 10 J/cm2 as the amount of carbon was increased from 0.9 to 1.2% C in aged
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specimens with nominally 9% Al. At a constant carbon content of 1.22% C, the average
fracture energy of aged alloys increased from 10 to 94 J/cm2 with a decrease in the
aluminum content from 8.8% Al to 6.6% Al as shown in Table 2 for Heats 1-C and 2-B,
respectively.
Specimens from Heat 2-B that were aged for 8 hrs to a hardness of 286 BHN
obtained the highest DFT out of all of the aged specimens at 368 kJ/m2. Increasing the
aging time to 24 hrs lead to a corresponding decrease in toughness to 110 kJ/m2 for Heat
2-B specimens (see Table 2). In the solution treated condition and for a constant carbon
content of 0.9% C, decreasing the amount of aluminum from 6.5% Al to 2.9% Al
increased DFT by 80 kJ/m2 for specimens from Heat 2-A and Heat 3-A, respectively.
Increasing the carbon content in solution treated alloys from Heat 3, with 2.9% Al,
increased the hardness from 228 to 298 BHN (see Table 2). The effect of carbon content
on the solution treated DFT values is more complex. Increasing carbon from 0.9 to 1.2%
C in solution treated alloys from Heat 3 resulted in a 125 kJ/m2 increase in DFT from 605
to 731 kJ/m2. However, further increasing the carbon content to 1.6% C resulted in a
sharp drop in the toughness to less than 245 kJ/m2, as shown in Table 2.
Fractured test specimens were retained for analysis of the fracture mode utilizing
scanning electron microscopy (SEM). In all of the following images, the notched edge is
oriented toward the top of the figure and the direction of crack propagation is from the
top to the bottom of the figures. The effect of increasing carbon content in solution
treated 2.9% Al specimens, from Heats 3 (A and C), is shown in Figure 3. Figures 3 (a
and b) show the interface between the fatigue pre-cracked in the top of the figure and the
onset of crack initiation and propagation at the bottom of the figure for specimens with
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0.9 and 1.6% C, respectively. The presence of an extensive stretch zone at the interface
indicates appreciable crack-tip blunting before crack extension. Increasing the amount of
carbon to 1.6 % increased the plasticity as evident by the larger and deeper microvoids at
the interface of the 1.6% C specimen in Figure 3 (b). However, the image of the final
fracture area of the 0.9% C specimen shows ductile failure with microvoid nucleation and
coalescence around rather large groups of inclusions (Figure 3 (c)) while the 1.6% C
specimen in Figure 3 (d) shows low energy ductile fracture through interdendritic
regions. A higher magnification image in Figure 3 (f) of the same area as in Figure 3- (d)
shows a high density of brittle second phase particles that are observed to be fractured in
interdendritic regions of the 1.6% C specimen. It should be noted that all of the
specimens from Heat 3 had a large amount of coarse and closely spaced AlN particles
that in some cases were larger than 10 μm as shown for the specimen from Heat 3-A in
Figure 3 (e). The fracture surfaces of aged specimens from Heat 1 with 9% Al and
different levels of carbon are shown in Figure 4. The specimens in Figure 4 were all aged
in the hardness range of 300 BHN. Increasing the carbon content from 0.9 to 1.2% C
tended toward brittle fracture. Figure 4 (a) shows that the fracture mode in the 0.9% C
specimen is a combination of mainly transgranular ductile fracture with large dimples
nucleated at inclusions and intergranular ductile fracture with shallow dimples nucleated
at grain boundaries.
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(a)

(b)

(c)

(d)

(e)
(f)
Fig. 3 Fracture surfaces of solution treated specimens from (a, c, and e) Heat 3-A and (b,
d, and f) Heat 3-C show the effect of increasing the amount of carbon from 0.9 to 1.6% C
in the 2.9% Al alloys. (a and b) The interface between the fatigue pre-cracked area (top)
and the onset of crack initiation shows ductile rupture and an extensive stretch zone in
both specimens, however, dimples are much larger and deeper in (b) indicating an
increase in ductility with increasing carbon content. (b and d) Images of the final fracture
region in (c) Heat 3-A and (d) 3-C show high energy ductile rupture in Heat 3-A and low
energy interdendritic fracture in Heat 3-C. (e and f) Higher magnification images of the
same areas as in (c and d) show closely spaced AlN inclusions in (e) that are in some
cases larger than 10 μm on the fracture surface of the specimen from Heat 3-A and (f)
large areas of a hard and brittle second phase believed to be either a complex carbide or
intermetallic phase that is shown fractured in the interdendritic regions of the specimen
from Heat 3-C.
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(a)

(b)

(c)
(d)
Fig. 4 The fracture surfaces of specimens from (a) Heat 1-A aged for 8hrs, (b) Heat 1-B
aged for 8hrs, and (c and d) Heat 1-C aged for 1hr in the hardness range of 300 BHN
show the tendency toward brittle fracture as the carbon content is increased from 0.9 to
1.2% C. (a) The specimen from Heat 1-A shows ductile fracture with shallow microvoid
nucleation and coalescence around inclusions and at grain boundaries. (b) Increasing the
carbon content to 1.0% C in specimens from Heat 1-B resulted in a mixed mode fracture
with areas of cleavage-like fracture. (c) A further increase in carbon to 1.2% C resulted
in brittle cleavage fracture. (d) A higher magnification image of the same area as in (c)
shows that cleavage fracture in the 1-C alloy that is both intergranular and transgranular
in nature.

Increasing the amount of carbon to 1.0% C in an aged specimen from Heat 1-B
produced a mixed mode fracture with shallow voids and areas of mainly transgranular
cleavage-type fracture as shown in Figure 4 (b). Further increases in carbon up to 1.2%
produced mostly transgranular and intergranular cleavage fracture in an aged specimen
from Heat 1-C, as shown in Figure 4 (c and d).
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Figure 5(a) shows ductile failure with large dimples that have nucleated and
grown around inclusion clusters in a specimen from Heat 2-B (6.6% Al and 1.2% C) that
was aged for 8hrs to a hardness of 290 BHN. The effect of aluminum content on the
fracture mode of alloys with 1.2% C aged to approximately 300 BHN can be observed by
comparing Figure 4 (c) and Figure 5 (a). The specimen with 8.8% Al in Figure 4 (c)
shows mostly brittle cleavage fracture. In contrast, when the aluminum level is reduced
to 6.6% Al the fracture mode is completely ductile in nature as shown in Figure 5 (a).
Some specimens showed fracture through large areas of porosity as shown in Figure 5 (b)
and those specimens with widespread porosity on the fracture surface were excluded
from calculation of DFT. Increasing the degree of age hardening from a nominal
hardness of 300 BHN to 340 BHN produced brittle fracture in all alloys. Increasing the
aging time to 24hrs in a specimen from Heat 2-B (6.6% Al and 1.2% C) produced a
mixed mode fracture with limited areas of ductile fracture as well as both intergranular
and transgranular type cleavage fracture as observed in Figures 5 (c and d). A high
magnification image of a transgranular cleavage facet on the surface of the 24hr aged
specimen in Figure 5 (d) shows either cracking in shear bands or de-cohesion of specific
atomic planes that are shown in two crystallographic directions. The orientation of the
cleavage plane could not be determined.
Standard metallographic specimens were prepared from sections just beneath the
fracture surface. Figure 6 shows the deformed microstructures of solution treated
specimens from Heat 3 and Heat 2-A.
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(a)

(b)

(c)
(d)
Fig. 5 (a) The fracture surface of a specimen from Heat 2-B that was aged for 8hrs to a
hardness of 290 BHN shows ductile fracture around clusters of inclusions. (b) Fracture
through a large area of porosity in a specimen from Heat 2-B. (c) After aging for 24hrs
to a hardness of 335 BHN, a specimen from Heat 2-B shows intergranular fracture and
some areas of transgranular fracture. (d) Areas on some grains in specimens from Heat
2-B that were aged for 24hrs showed either cracking in shear bands or de-cohesion of
atomic planes.

At a distance greater than approximately 3 mm from the last area to fail, deformation
twins were observed only in favorably oriented grains and only in solution treated
specimens with 2.9% Al and less than 1.2% C as shown in Figures 6 (a and c). Figures 6
(b and d) show the deformation structure corresponding to the last area of the bar to
fracture (ductile hinge) in specimens from (b) Heat 3-A and (d) Heat 3-B. High densities
of mechanical twins were observed in two crystallographic directions intersecting shear
bands. The frequency of twins was higher in the 3-B specimen, however this may only be
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an effect of sectioning or grain orientation. The micrograph of the solution treated
specimen from Heat 3-C shows heavy segregation in interdendritic areas and no evidence
of deformation in the microstructure either by deformation twinning or by planar slip as
shown in Figure 6- (e). Figure 6 (e) shows a large amount of brittle plate like precipitants
in the interdendritic areas of the Heat 3-C specimen. The presence of this phase was also
noted on the fracture surface of this bar as shown in Figure 3 (d) and has contributed to
the observed intergranular fracture and produced a more than 400 kJ/m2 loss in
toughness. Energy dispersive X-Ray spectroscopy (EDS) established that this brittle
phase was rich in Cr, Mn, and Mo and is thus either a complex carbide intermetallic
phase. Increasing the aluminum content from 2.9 to 6.5% decreased the frequency of
twinning in solution treated specimens and deformation twins were observed only in a
few heavily deformed grains from the plastic hinge areas of specimens from Heat 2-A as
observed in Figure 6 (f). Figures 7 (a) and (b) show the area just beneath the fracture
surfaces of specimens from Heat 1-A (9% Al and 0.9% C) and Heat 1-C (8.8% Al and
1.2% C) that were aged to approximately 300 BHN.

Etching revealed that the

deformation mechanism was predominately planar dislocation slip in both alloys with no
evidence of deformation twins. Decreasing the amount of aluminum to 6.6% Al in aged
castings did not change the deformation mechanism and planar slip was observed in
specimens from Heat 2-B that were also aged to approximately 300 BHN as shown in
Figure 7 (c). Increasing the aged hardness to 340 BHN resulted in areas of continuous
precipitation of κ-carbide and/or an intermetallic phase on grain boundaries as shown in
Figure 7 (d).
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(a)

(b)

(c)

(d)

(e)
(f)
Fig. 6 The microstructures of solution treated specimens from (a and b) Heat 3-A (2.9%
Al and 0.9% C), (c and d) Heat 3-B (2.9% Al and 1.2% C), (e) Heat 3-C (2.9% Al and
1.6% C), and (f) Heat 2-A (6.5% Al and 0.9% C) show the deformed area just beneath
the fracture surface. (a and c) The microstructures of an area a distance 3-4 mm away
from the last portion of the (a) Heat 3-A and (c) Heat 3-B specimens to fail shows
deformation twins only in favorably oriented grains. (b and d) The differential contrast
(DIC) images of the last area to fail in specimens from (b) Heat 3-A and (d) Heat 3-B
show a high density of mainly fine deformation twins with intersecting shear bands. (e)
Neither deformation twins nor slip traces were observed in the specimen from Heat 3-C
indicating that plastic deformation was not widespread. Regions in interdendritic areas of
the Heat 3-C specimen are heavily segregated and show the precipitation of a hard platelike phase. (f) The DIC image of the last area to fail in a solution treated specimen from
Heat 2-A shows less of a frequency of deformation twins with increasing aluminum to
6.5% Al. Specimens etched with 4% Nital and Klemm’s.
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(a)

(b)

(c)
(d)
Fig. 7 The microstructures of specimens age hardened in the range of 300 BHN are
shown in (a) for Heat 1-A (9% Al and 0.9% C), (b) for Heat 1-C (8.8% Al and 1.2% C)
and (c) for Heat 2-B (6.6% Al and 1.2% C)and show planar slip bands and serrated grain
boundaries. (d) Areas of continuous precipitation of κ-carbide and/or an intermetallic
phase was noted on the grain boundaries of a specimen from Heat 2-B that was aged for
24hrs to 340 BHN.

The normalized inclusion density and average inclusion diameter as a function of
inclusion type are shown for the different carbon and aluminum laboratory cast Fe-MnAl-C alloys in Figure 8 and are compared with the inclusions in a previously reported 23
commercially cast Fe-30Mn-9Al-1Si-0.9C-0.5Mo-0.001%P steel without rare earth
additions. All of the inclusion analyses for the different steels were determined for a
particle or pore major diameter of 1 to 80 µm.

Inclusions in the laboratory heats

consisted mainly of AlN, globular MnO and MnS, and complex rare earth (RE) oxides
and phosphides of Ce and La as shown in Figure 8. Inclusions in the laboratory heats
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were found mostly clustered together in the last areas to solidify and most are of the
mixed inclusion type. Laboratory heats contained up to four times the amount of AlN as
the commercially cast steel and these inclusions were on average much larger, with an
average diameter of 5 μm, as shown in Figures 8 (a and b).

Large and clustered

inclusions are often the result of holding the melt too long before pouring and exposure to
the atmosphere. AlN density and size was not a function of total aluminum content and
steels from Heats 2-B and 3-C with 6.5% and 2.9% Al, respectively, contained the
highest AlN density with 45 inclusions/mm2. This can be compared with an AlN density
of 12 inclusions/mm2 in the commercially cast steel (see Figure 8 (a)). Most of the AlN
observed in the commercially cast steel was an average diameter of 2 μm and existed as a
complex type of inclusion consisting of an AlN core surrounded by a MnS or MnO shell
(see Figure 8 (a)). However, the AlN in the laboratory heats was generally found to be
without an encapsulating MnS shell and this is because rare earth metals like cerium are
much more chemically active in the melt than Mn. Rare earth inclusions were complex
in nature consisting of a phosphide core surrounded by an oxide shell and were found in
combination with AlN in interdendritic regions.

Additionally, a hard and complex

carbide or intermetallic phase that is rich in Ti and Mo was found in varying degree in all
of the laboratory heats as shown in Figure 8 and designated as complex carbide.
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(a)
(b)
Fig. 8 (a) Laboratory heats contained more than twice the AlN density as compared to a
commercially cast Fe-30Mn-9Al-1Si-0.9C-0.5Mo (0.001% P) without cerium addition.
(b) Inclusions were generally much larger in the laboratory heats.

The amount of this carbide or intermetallic phase was significant only in the
castings from Heat 2 where the total amount was greater than 15% of the total inclusion
density (see Figure 8 (a)). The source of the titanium is unknown but may have been
introduced into the melt by polling rods used to plunge the charge carbon and RE
additions underneath the surface of the melt during melting. Porosity was high in all
castings except for 1-B and 2-B and highest in Heats 1-A and 2-C with more than 50
pores/mm2, as shown in Figure 8 (a). Figure 9 (a) shows the total inclusion densities
from the current study in comparison to the inclusion densities of the previously
reported23 commercially cast Fe-30Mn-9Al-1Si-0.9C-0.5Mo steel. Total average
inclusion density (inclusions and porosity) for the laboratory heats was much greater, 130
to 200 inclusions/mm2, than that of the commercially cast alloy, 77 inclusions/mm2. The
highest inclusion density was found in the casting from Heat 2-C which was the last
metal poured from the ladle and the casting did not completely fill. The average
inclusion diameter was larger, 3 μm, for castings from Heat 3 than for all other heats as
shown in Figure 9 (b).
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(a)

(b)

(c)
(d)
Fig. 9 (a) The total average inclusion densities of the laboratory heats with different C
and Al contents are in most cases more than twice that of the commercially cast Fe30Mn-9Al-1Si-0.9C-0.5Mo steel. (b) The average inclusion size was slightly larger in
laboratory cast steels from Heat 3, which were poured last. (c) Total average volume
fraction of inclusions was largest for the Heats 2-A, 3-A, and 3-C. (d) The average
spacing between inclusions was lowest in Heat 2-A and greatest in Heat 3-B.

The average inclusion diameters of the laboratory cast heats were all larger than
the average inclusion diameter of the commercially cast heat which was 2 μm. Volume
fraction of inclusions for the different heats is given in Figure 9 (c) and shows the most
inclusion coverage in test bars from 2-A and Heat 3. Heat 1 castings had the lowest
volume fraction of inclusions at 0.001 and was comparable to the volume fraction of
inclusions in the commercially cast steel. Average inclusion spacing for the different
steels is given in Figure 9 (d).
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Specimens from Heat 2-A were shown to have smallest inclusion spacing at an average
of 30 μm. Heat 3-B had the largest average inclusion spacing at 50 μm.
DISCUSSION
Dynamic fracture toughness of the Fe-Mn-Al-C steels in the current study was a
complex function of chemistry, heat treatment, and cleanliness. Table 3 shows the
composite mechanical properties of the respective laboratory heats in comparison with
the mechanical properties of two commercially produced steels of nominal composition
Fe-30Mn-9Al-1Si-0.9C-0.5Mo with26 and without23 cerium additions in the form of
misch metal. Tensile properties of the laboratory heats were obtained from the work of
Buckholz.41
In the solution treated condition and for a constant aluminum content of 2.9% Al,
increasing the amount of carbon in solution increased both the yield and ultimate
strengths with a commensurate increase in ductility and DFT as shown for alloys from
Heat 3 in Table 3. DFT was highest in the Heat 3-A steel with 1.2% C and 2.9% Al at
730 kJ/m2. However, increasing carbon to 1.6% C produced an almost 500 kJ/m2
decrease in toughness without a significant decrease in ductility and the total elongation
remained close to 40%. This significant decrease in toughness is directly related to the
presence of a hard and brittle Cr, Mn, and Mo complex carbide or intermetallic phase that
was found fractured on the surface of broken test specimens from Heat 3-C as shown in
Figure 3 (f). In contrast, fracture in the other solution treated materials was by void
nucleation around rather coarse and closely spaced AlN inclusions which failed by
decohesion from the matrix.
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Table 3. Mechanical properties of laboratory heats in comparison to previously reported
and commercially cast Fe-30Mn-9Al-1Si-0.9C-0.5Mo steels with26 and without23 cerium
treatment.

Heat

%Al

%C

1-A

9.1

0.9

1-B

9.5

1.0

DFT,
kJ/mm2

Average
inclusion
density,
#/mm2

14a

160

162

920

19a

77

1008

1085

9a

60*

UTS

% Total

MPa41

Elong.41

750

809

295-315

840

Aged

340-360

Heat
Treat.

Hdns.,
BHN

YS
MPa41

Aged

260-275

Aged

129

1-C

8.8

1.2

Aged

300-310

720

900

23a

-

133

2-A

6.5

0.9

Sol. T.

205-225

445

792

45a

520 ± 68

187

Aged

280-290

658

792

31a

368

Aged

335-350

800

939

16a

110* ± 60

2-B

6.6

1.2

146

3-A

2.9

0.9

Sol. T.

210-230

306

680

27a

605 ± 110

147

3-B

2.9

1.2

Sol. T.

220-240

415

743

42.a

731 ± 111

101

3-C

2.9

1.6

Sol. T.

290-300

530

889

39a

240 ± 60

177

C. Cast
Ce26

8.8

0.9

Aged

290-300

750

825

25b

140

245

Sol. T.

200

452

737

64b

-

Aged

290-300

728

795

28b

376 ± 69

Aged

350-360

873

953

20b

153 ± 25

C. Cast23

8.8

0.9

*Determined using LEFM
a – elongation determined in a 30 mm gage section
b – elongation determined in a 25 mm gage section
Error reported as sample standard deviation for a sample size greater than three
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During ductile fracture, nucleation of voids can occur either at the particle/matrix
interface by decohesion or by voids created at brittle particles that fracture during
deformation. Ultimate failure will progress by the growth of voids due to further plastic
strain of the matrix and then linkage of the voids leading to final fracture.16
In the presence of a sharp crack or a notch, crack progression is often dependent on
inclusions and second phase particles that fracture or nucleate voids within the crack tip
process zone.4 In the case of the Heat 3-C, it is apparent that under dynamic loading the
fracture strength of the Cr and Mo rich phase is less than the cohesive strength of the
particle and matrix interface. In contrast, the AlN particles fail by decohesion, as shown
in Figures 3 (c and e), which indicates that the fracture strength of the AlN is greater than
the cohesive interface strength. Bartlett et al.23 have shown that the dynamic fracture
toughness of cast Cr and Mo steels is a function of inclusion type and fracture through
TiN inclusions resulted in large void formation and reduced the dynamic toughness by
100 kJ/m2 when compared with steels that contained globular inclusions that formed
voids by decohesion from the matrix.23 Therefore, the loss in toughness of the Heat 3-C
steel is the result of low energy ductile fracture through the brittle fracture of the Cr and
Mo rich phase. Tensile ductility and work hardening capacity were not severely affected
by the presence of the Cr and Mo rich phase and the matrix appears to have more
ductility in the stretch zone of broken DFT bars when compared with specimens from
Heat 3-A which contained less carbon content as shown in Figure 3 (a and b). Thus, in
the solution treated condition, increasing the amount of carbon increased the strength,
ductility, and DFT. These results are consistent with those of Chang et al.37 who show an
increase in tensile strength and elongation with increasing carbon addition in a Fe-29Mn-
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9Al-(0.2-1.1)C steel. Additionally, Abbasi et al.36 show an increase in work hardening
and strength with increasing carbon and a decrease in work hardening and ultimate
tensile strength with increasing aluminum in a Fe-(12-14)Mn-(0-3)Al-(1.2-1.4)C
Hadfield steel. Furthermore Abbasi et al. showed that yield strength increased with
aluminum addition.36 In the current study, increasing the aluminum content from 2.9 to
6.6% Al in solution treated alloys with 0.9% C resulted in an increase in both the yield
and ultimate tensile strength as well as the total elongation but decreased toughness by
almost 100 kJ/m2 as shown in Table 3.
Carbon and aluminum are both known to raise the stacking fault energy in FeMn-Al-C steels and thus suppress mechanical twinning.43 In the current study,
mechanical twinning was only observed in solution treated specimens within favorably
oriented grains and in the last areas of the bar to fail corresponding to the regions of the
most intense strain (see Figure 6). Mechanical twinning was not observed in the solution
treated 2.9% Al DFT specimens with the highest carbon content of 1.6% C, however, this
alloy had equivalent ductility and work hardening capacity as the solution treated alloys
with lower carbon contents as shown in Table 3. Increasing aluminum to 6.6% Al in
solution treated specimens suppressed twinning and mechanical twins were only
observed in highly strained regions in the last areas to fail of DFT bars as shown in
Figure 6 (f). Increasing aluminum did not significantly decrease the work hardening
capacity in solution treated steels as evidenced by a similar difference between the yield
and ultimate tensile strengths with increasing aluminum content as given in Table 3.
Recently, Park et al.44 studied the effects of aluminum on the plastic deformation of Fe22Mn-(0-6)Al-0.6C steels and determined that deformation in all steels was dominated

158

by planar glide before the occurrence of mechanical twinning regardless of SFE. The
occurrence of planar glide in Fe-Mn-Al-C steels with rather large values of SFE, > 70
mJ/m2, has been attributed to short range order (SRO) in the solid solution state and the
phenomenon of glide plane softening.31,44 The relationship between SRO and planar slip
can be explained in the following way. The initial dislocation that moves through the
FCC lattice will destroy SRO and as such, this dislocation will face a higher resistance to
slip than dislocations that follow. Dislocations that follow will push against this first
dislocation to help it overcome the higher resistance and this will lead to an increase in
the slip velocity and the amount of plastic deformation. Slip will be easier for subsequent
dislocations to follow on the same plane where the SRO has been destroyed. Thus, plastic
deformation will be localized to a single slip plane and this effect is called glide plane
softening.4
The short range ordering of Mn-C couples in solution treated high manganese
steel has been suggested by many to be the principal cause of rapid work hardening and
increased plasticity in Fe-Mn-Al-C steels.34,43,44,46-49 Medvedeva et al50 have shown that
the formation of Mn-C couples in solid solution austenite is energetically favorable in
high manganese steels and therefore adding solid solution carbon would increase the
number of Mn-C couples and increase work hardening. Adding aluminum favors SRO
with similarities to the E21 structure of κ-carbide and would promote glide plane
softening.50 To verify the major deformation mode in solution treated specimens, TEM
thin films were prepared from sections just beneath the fracture surface of broken
specimens from Heat 3-A in regions corresponding to the last areas of the test bar to fail.
Specimens from Heat 3-A were chosen because this alloy contained the lowest amount of
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carbon and aluminum and thus had the lowest SFE. The bright field image of the
deformation structure of a specimen from Heat 3-A is shown in Figure 10. Although
twins were observed in Heat 3-A in the last areas of the test bar to fail by optical
microscopy (Figure 6 (b)), mechanical twins were not observed in any of the four TEM
thin films that were prepared. Instead, the deformation structure in Heat 3-A consisted of
a planar array of dislocations as observed in Figure 10. Thus, it is suggested that the
major deformation mechanism is planar slip before the occurrence of mechanical twining
even in the solution treated alloy with the lowest SFE.

Fig. 10 The bright field TEM image of the deformation structure just beneath the fracture
surface of the solution treated DFT specimen from Heat 3-A shows a planar array of
dislocations in two principal directions.

Therefore the results of the current study suggest that increasing the amount of
solid solution carbon in Fe-Mn-Al-C alloys increases both work hardening as well as
toughness and this is the result of dynamic strain aging produced by the interaction of
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dislocations with carbon in Mn-C dipoles. The effect of aluminum content on the
toughness of solution treated specimens from the current study is shown in Figure 11.
Aluminum was found to decrease toughness in both solution treated and aged alloys.
Increasing the amount of aluminum in the solution treated alloys suppressed twinning and
is thought to have reduced the number of Mn-C pairs leading to a reduction in toughness.
These results are consistent with the work of Hwang et al.51 who report a decrease in the
dynamic strain aging as the amount of aluminum was increased from 0 to 6% Al in a
solution treated Fe-22Mn-XAl-0.6C steel. They report that the microstructure of the
aluminum containing steels was dominated mainly by planar glide.51 Park et al.44 report a
decrease in work hardening, tensile strength, and ductility with increasing aluminum
content in a solution treated Fe-22Mn-(0-6)Al-0.6C steel. Aluminum additions have also
been shown to reduce the work hardening rate in Fe-Mn-C steels by reducing the carbon
mobility and thus decreasing the ability by which Mn-C pairs can re-arrange to pin
dislocations.46,49 A study by Buckholz on the same alloys presented here showed that as
the amount of aluminum was increased from 2.9% to 9% Al in solution treated alloys the
total elongation to fracture increased from 27 to 50% and the work hardening coefficient
decreased from 0.47 to 0.28.41 The dynamic load carrying capacity of solution treated
steels in the present study decreased with increasing aluminum content, as shown in
Figure 2 (a and b) and this is most likely related to a decrease in work hardening ability
with increasing aluminum additions. Short range ordering of Fe-Al-C clusters in
aluminum alloyed high manganese steels is energetically preferable and has been
suggested to promote planar slip and glide plane softening resulting in enhanced
ductility.50
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A study by Park et al. showed evidence of SRO in a solution treated Fe-28Mn-9Al-0.8C
steel corresponding to Fe-Al-C clusters as evidenced by E21 superlattice reflections and
deformation by planar glide prior to mechanical twining regardless of the amount of
aluminum.44

Fig. 11 Aluminum is shown to decrease the dynamic fracture toughness in both solution
treated and aged steels.

Increasing the amount of aluminum and carbon greatly increased the age
hardening kinetics at 530°C and thus the precipitation of κ-carbide. Alloys with less than
6% Al and 1% C showed no appreciable hardening. Increasing the aluminum content
decreased the dynamic fracture toughness in aged alloys by as much as 300 kJ/m2 as
shown in Figure 11. Although carbon increased the solution treated toughness,
increasing carbon in aged alloys sharply reduced toughness, as shown in Figure 12, and
produced brittle cleavage-type fracture in a specimen from Heat 1-C that was aged to a
hardness of 300 BHN. Although there are limited studies on the effect of carbon and
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aluminum additions on the toughness of aged steels, it has been shown that age hardening
results in a significant reduction in work hardening2 and toughness.24 Acselrad et al.24
reported a 250 MPa√m decrease in toughness in a Fe-28Mn-8.5Al-1C alloy after aging
for 15hrs at 550°C and this was attributed to intense κ-carbide precipitation in the matrix.

Fig. 12 Increasing the amount of solid solution carbon in solution treated steels increased
the average fracture energy. However, in aged steels increasing the amount of carbon
sharply reduced the toughness and promoted brittle failure. At equivalent carbon content,
decreasing the amount of aluminum increased the toughness.

Acslerad and co-workers reported that aging produced a brittle transgranular cleavagelike fracture in which cleavage facets were found to contain linear markings along two or
three different directions.24 They proposed that the mechanism of brittle cleavage
fracture with aging was the result of “slipping off” along the slip plane producing a {111}
type fracture facilitated by planar slip and shear strain localization in shear bands
resulting from κ-carbide precipitation.24 This type of brittle cleavage fracture has been
observed in nitrogen bearing austenitic steels and is facilitated by planar slip arising from
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short range ordering of nitrogen.52-54 Short range order and shearable precipitates both
promote planar slip and dislocations are concentrated in narrow shear bands.53 The
accumulation of dislocation induced defects in shear bands will weaken the band to such
an extent that the tensile component of the force on the band will cause cracking and final
decohesion of the glide plane.53 κ-carbide is known to be a weak dislocation barrier and
cyclic softening in an aged Fe-30Mn-8.7Al-1C steel was reported by Ho et al. to be the
result of planar slip facilitated by the shearing of coherent κ-carbide particles.55 The
fracture surfaces of the aged specimens from Heat 1-C (Figure 4 (d)) and Heat 2-B
(Figure 5 (d) show linear markings on cleavage facets that are similar to the ones
observed in the study by Acslerad et al.24 and others.52,53 Thus, it is suggested that age
hardening and the precipitation of κ-carbide contributes to planar slip and localization of
dislocations in narrow slip bands that promote cleavage fracture by the glide plane
“slipping off” mechanism. Carbon and aluminum decrease the toughness of aged alloys
and this may be the result of increased κ-carbide precipitation contributing the removal of
carbon from solid solution as well the tendency of brittle fracture from shear localization
and glide plane decohesion.
The mechanical properties of the aged specimens from Heat 1-A with 9% Al and
0.9% C are shown in Table 3 and compared with two steels of similar composition that
were commercially cast with26 and without23 cerium addition in the form of misch metal.
It is shown that the cerium treated steels have similar dynamic fracture toughness values
of 160 kJ/m2 and 140 kJ.m2 when aged in the hardness range of 300 BHN. However, the
commercially cast steel without cerium additions obtained more than twice the fracture
toughness at an equivalent hardness level as shown in Table 3. These results appear to be
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correlated to cerium treatment. In most cases, steels that were cerium treated contained
more than twice the total inclusion density as the commercially cast steel without misch
metal addition as shown in Table 3. Additionally, the commercially produced castings
with cerium treatment contained topologically close packed silicides that are brittle and
promote low energy ductile fracture.26
An attempt was made to model the effects of inclusion density, size, volume
fraction, and spacing on the dynamic fracture toughness of the Fe-Mn-Al-C steels
reported here. The fracture energy will be somewhat dependent on the size of the plastic
zone and the type and distribution of second phase inclusions.42 The plastic zone size
increases with the applied stress and is controlled by the yield strength and fracture
toughness. Crack propagation occurs when the plastic zone size equals the spacing of the
second phase inclusions. Large plastic zones in front of the crack tip increase the chance
of fracture taking place by direct linkup of voids during fibrous rupture of the matrix.
The size of the plastic zone increases with decreasing yield strength and this correlates
with an increase in toughness.42 When inclusion spacings are large, the limited
interaction between the plastic zones of the individual particles will permit large strains
to occur before void coalescence and failure. Low energy ductile fracture is favorable if
there is high density of voids or fractured particles with small spacings between them as
observed in the solution treated specimen from Heat 3-C in Figure 3 (f). Broek56
determined that larger inclusions with greater inclusion spacing produced considerable
void growth before failure while smaller and closer spaced particles nucleated smaller
voids, which grew quickly to failure. Broek56 suggested that toughness would be
expected to linearly increase with decreasing particle density. In addition, Deimel et al.
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show that the toughness of high Cr and Mo pressure vessel steel was inversely
proportional to the total inclusion density.57 A plot of DFT vs total inclusion density as a
function of heat treatment is given in Figure 13 (a) and shows a linear decrease in DFT as
the total density of inclusions increases in solution treated specimens.

(a)
(b)
Fig. 13 (a) Solution treated specimens show a decrease in toughness with increasing total
inclusion density, however, aged specimens show no correlation between DFT and the
total amount of inclusions. (b) Inclusion spacing decreased as the volume fraction of
inclusions increased. The slope of the line gives a value of -0.32 which is comparable to
the expected value of -0.33.87,59

However, aged specimens show no correlation between total inclusion density and DFT.
The effect of inclusion diameter (D0), spacing (L0), and volume fraction (Vf) on the
toughness of aluminum alloys was modeled by Hahn et al.58,59 The model by Hahn et al.
uses an ideal case consisting of a regular array of spherical particles with L0 = D0
(π/6)1/3Vf

-1/3

.
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The fracture toughness was shown to fit the following model.
KIC ~ Vf -1/6 [2(π/6)1/3YE D0]1/2

(5)

Where Y is the tensile yield strength and E is Young’s modulus. The relationship
between inclusion spacing and the volume fraction of inclusions is given in Figure 13 (b)
and shows and increase in particle spacing with decreasing volume fraction of inclusions.
The slope of the regression line in Figure 13 (b) gives a value of -0.32 which is in
agreement with the value of -0.33 given by Hahn et al.58,59 To determine the relationship
between toughness, volume fraction and inclusion diameter, KId was converted to an
appropriate JId value by use of equation (3). Substituting equation (3) into (5) yields the
following relationship between JId and the volume fraction of inclusions.
JId = Vf -1/3 [2 (π/6)1/3YD0]

(6)

Therefore toughness should be function of Vf-1/3. Figure 14 (a) shows the dependence of
dynamic fracture toughness on the volume fraction of inclusions as a function of heat
treatment. The results show an excellent fit to the model for the solution treated
specimens; however, aged specimens do not fit the model.
Fracture toughness (KIc) is a parabolic function of the inclusion spacing as given in the
following relationship.58
KIC ~ [2EYL0]1/2

(7)

Combining Equations (3) and (7) gives a linear relationship between J Id and the average
inclusion spacing.
JId ~ 2YL0

(8)
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(a)

(b)

Fig. 14 (a) Solution treated specimens show a linear relationship between DFT and Vv-1/3
and (b) inclusion spacing, L0. Aged specimens however, do not fit the model and show
little correlation between the volume fraction and spacing of inclusions.

Figure 14 (b) shows the relationship between particle spacing and DFT. Again, the
solution treated specimens are consistent with the model and show a linear relationship
between increasing DFT and increasing inclusion spacing. However, aged specimens
show no correlation with average inclusion spacing.
According to Equation (6) the relationship between D0 and JId should also be
linear. A plot of average inclusion diameter vs DFT for the high strength steels is shown
in Figure 15 (a). Toughness was found to increase linearly with D0 for solution treated
specimens as well as aged specimens and results fit the model by Hahn et al.58,59
Therefore for solution treated specimens, toughness was influenced by both carbon and
aluminum content as well as total inclusion density. However, for aged specimens there
is less of a correlation between toughness and total inclusion density. Notch toughness in
Fe-Mn-Al-C steels has been shown by Schulte et al.27 to be a function of AlN density. A
plot of DFT vs AlN density for specimens aged in the hardness range of 300 BHN is
shown in Figure 15 (b) for laboratory heats and commercial heats with similar

168

chemistries. Results show that the toughness in the aged specimens is a strong function of
AlN content. Increasing the amount of AlN sharply reduced toughness when compared
to the commercially cast steel without cerium additions.

(a)
(b)
Fig. 15 (a) Both solution treated and aged specimens show a linear relationship between
DFT and the average inclusion diameter. (b) For specimens of the same nominal
chemistry and age hardened in the range of 300 BHN, DFT is a strong function of the
amount of AlN. It is shown that decreasing the amount of aluminum to 6.6% in age
hardened specimens of equivalent hardness and AlN content increased the toughness by
more than 200 kJ/m2.

The toughness values of the aged specimens from laboratory heats are comparable
to a value of 140 kJ/m2 for a commercially cast and cerium treated alloy of the same
nominal composition and aged to a similar hardness. The decrease in toughness observed
in the cerium treated castings when compared to the commercially cast steel without
cerium addition is directly related to the greater amount of AlN. The amount of AlN in
the cerium treated castings was two or three times as great as the amount of AlN in the
castings without cerium treatment, see Figure 8 (a). AlN in the commercially produced
castings without cerium additions was mainly of the complex type and were coated with a

169

“shell” of MnO or MnS that heterogeneously nucleated on the AlN during solidification.
In the cerium treated castings, the high chemical activity of cerium in the melt essentially
tied up all of the S and O as complex rare earth inclusions. Although AlN was found in
combination with rare earth inclusions, they did not form a shell around the AlN. The
reduced toughness in the cerium treated castings is the result of a large population of uncoated AlN. The facetted nature of the un-coated AlN would be more efficient at causing
large stress concentrations at the particle/matrix interface and therefore would lower the
critical stress for void nucleation. Cerium additions restrict MnS and MnO formation and
thus result in a larger percentage of AlN that is not coated with a protective oxide or
sulfide shell leading to a reduction in toughness. However, if cerium addition is required
for control of phosphorus, additions of 0.2 wt.% Ce or less should be made in the furnace
to prevent the formation of brittle rare earth silicides.26
Dynamic fracture toughness of Fe-Mn-Al-C steel castings is therefore a complex
combination of aluminum and carbon content as well as AlN content. In the solution
treated condition, the addition of aluminum reduces the density while simultaneously
increasing ductility; however, increasing aluminum additions promotes κ-carbide
precipitation and a commensurate decrease in dynamic toughness in the age hardened
condition. Carbon in solid solution increases both the work hardening capacity as well as
the toughness whereas, increasing the amount of carbon in aged alloys produced a 80
kJ/m2 decrease in toughness as shown in Table 2. For maximum toughness, these alloys
should be used in the solution treated condition and aluminum additions should be kept to
a minimum while simultaneously adding as much carbon in solid solution as possible
without precipitating carbides. However, decreasing the amount of aluminum in these
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steels negates their effectiveness as lightweight materials. A reasonable compromise can
be formulated based upon the results reported here. A good combination of high strength
and toughness is obtained with aluminum additions between 6 and 7% and carbon below
1.2% with a corresponding density reduction of 10 to 12%.15 Aging the cerium treated
alloy of this composition in the hardness range of 300 BHN was shown to produce a
toughness of 368 kJ/m2. It should be noted that this toughness is well above the trend
line for the 9% aluminum materials in Figure 15 (d). Projecting along a similar trend line
to lower AlN concentrations would predict an increase in toughness of nearly 200 kJ/m2.
It is therefore suggested that a clean casting of Fe-30Mn-7Al-1Si-1C-0.5Mo steel will
produce a dynamic fracture toughness greater than 500 kJ/m2 when aged to 300 BHN
with as much as a 12% reduction in density when compared with traditional steels.
CONCLUSIONS
The dynamic fracture toughness of cerium treated Fe-Mn-Al-C castings was
determined with respect to different aluminum and carbon additions. In the solution
treated condition, increasing the amount of carbon in solution increased toughness by 130
kJ/m2 and suppressed mechanical twining. Increasing the amount of aluminum in
solution treated castings reduced the toughness by around 100 kJ.m2. Evidence suggests
that short range ordering of Fe-Al-C clusters promotes planar slip and glide plane
softening and this effect is the major mechanism for the enhanced ductility in aluminum
alloyed high manganese austenitic steels. Adding carbon in solution is believed to
increase the number of Mn-C pairs and contributes to higher strain hardening while
adding aluminum reduces the diffusivity of C in austenite and promotes short range
ordering of Al and subsequent precipitation of the E21 κ-carbide structure. During age
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hardening, carbon is removed from solution and this contributes to a reduction in
toughness. In age hardened alloys the addition of carbon and aluminum produced a
significant reduction in toughness and transitioned the fracture mode from ductile rupture
to both intergranular and transgranular cleavage fracture. The transgranular cleavage
fracture observed in aged specimens is suggested to be the result of glide plane
decohesion produced by extensive planar slip and cracking within slip bands due to a
high density of dislocations concentrated onto the slip plane. For solution treated
specimens, toughness was a function of total inclusion density, size, and distribution.
However, in aged specimens of the same nominal chemistry, toughness was a function of
aluminum nitride content. Cerium treated castings contained a higher density of AlN and
this reduced the toughness when compared to commercially produced castings without
cerium treatment. However, at a constant carbon content of 1.2% C and for castings with
a similar amount of AlN, decreasing the aluminum from 9% to 6.6% Al resulted in a 200
kJ/m2 increase in dynamic fracture toughness. It is expected that limiting the amount of
AlN to less than 13 particles/mm2 while keeping the aluminum and carbon content
between 6 and 7%, and 1 and 1.2%, respectively, will produce a dynamic fracture
toughness greater than 500 kJ/m2 in aged castings with a simultaneous reduction in
density of 10 to 12% over traditional steel castings.
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3. CONCLUSIONS

Silicon has been shown to increase the hardness of high manganese and
aluminum steels during aging; however, until now the mechanism for this was not
understood. Silicon has little effect on the size or volume fraction of κ-carbide
precipitated, which was in agreement with first principles modeling. In addition,
hardening was found not to be the result of manganese partitioning. Silicon was found
to have no effect on the distribution of manganese and the κ-carbide was depleted of
manganese regardless of silicon content.

Silicon increased the activity of carbon in

solution and increasing the silicon content from 0.59 to 1.56 wt.% was found to increase
the partitioning of carbon in the κ-carbide from 5.2 to 6.6 at.%. The results of this study
suggest that the increase in strength during aging of high manganese and aluminum steels
is directly related to the increase in the compositional amplitude of carbon with silicon
addition. The model predicts a 120 MPa increase in strength with a 1wt.% increase in
silicon for alloys aged for 60 hrs at 530° C and this is in excellent agreement with
previously determined mechanical property data.
Precipitation of κ-carbide was determined to form first by ordering of Fe-Al-C
into the E21 structure and this was followed by spinodal decomposition involving mainly
the diffusion of carbon along austenite <100>. Phosphorus was shown to increase the
prevalence of the ordering into the E21 κ-carbide structure. Increasing the amount of
phosphorus resulted in a dramatic increase in the concentration amplitude of carbon
during aging when compared with low phosphorus specimens of equivalent composition
and this was determined to be the mechanism behind the increase in the hardening rate
with increasing phosphorus. However, long range diffusion of phosphorus was not
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involved in the observed increase in the hardening rate and the phosphorus distribution
was random. It is therefore suggested that phosphorus increases the initial ordering
reaction and that this greatly accelerates the later stage of spinodal decomposition.
The dynamic fracture toughness of cerium treated Fe-Mn-Al-C castings was
determined with respect to different aluminum and carbon additions. In the solution
treated condition, increasing the amount of carbon in solution increased toughness by 130
kJ/m2 and suppressed mechanical twining. Increasing the amount of aluminum in
solution treated castings reduced the toughness by about 100 kJ.m2. Evidence suggests
that short range ordering of Fe-Al-C clusters promotes planar slip and glide plane
softening and this effect is the major mechanism for the enhanced ductility in aluminum
alloyed high manganese austenitic steels. Adding carbon in solution is believed to
increase the number of Mn-C pairs and contributes to higher strain hardening while
adding aluminum reduces the diffusivity of C in austenite and promotes short range
ordering of Al and subsequent precipitation of the E21 κ-carbide structure. During age
hardening, carbon is removed from solution and this contributes to a reduction in
toughness. In age hardened alloys the addition of carbon and aluminum produced a
significant reduction in toughness and transitioned the fracture mode from ductile rupture
to both intergranular and transgranular cleavage fracture. The transgranular cleavage
fracture observed in aged specimens is suggested to be the result of glide plane
decohesion produced by extensive planar slip and cracking within slip bands due to a
high density of dislocations concentrated onto the slip plane.
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4. SUGGESTED FUTURE STUDIES
In current study, an Avrami approach was used to model transformation kinetics
(Paper 1) in a Fe-30Mn-9Al-0.9C-0.5Mo steel. Assumptions of the Avrami model
include: nucleation and growth occur simultaneously throughout transformation,
nucleation is homogeneous, a constant nucleation rate, a constant growth rate, and that
the transformation product grows as a sphere. The Avrami approach has been used to
accurately model the kinetics of a variety of different transformations despite the fact that
most real systems can deviate significantly from these assumptions. Avrami kinetic
modeling of Fe-Mn-Al-C alloys suggested that increasing the amount of phosphorus from
0.001 to 0.018% P and greater decreased the activation energy for homogeneous
nucleation of κ-carbide from 300 kJ/mol to 180 kJ/mol. The activation energies for κcarbide precipitation and growth were compared with values of 183 kJ/mol for the
interdiffusion of phosphorus in austenitic iron (950 to 1250°C), 235 kJ/mol for the
diffusion of aluminum in austenitic iron, and activation energies of between 120 and 150
kJ/mol for the diffusion of carbon in austenite (750 to 1300°C).22,64 Thus, in the higher
phosphorus alloys, it was suggested that phosphorus increased the kinetics of the initial
spinodal decomposition and later stages of growth and that this was related mainly to the
diffusion of phosphorus and carbon. Subsequent investigations utilizing local electrode
3-D atom probe (LEAP) tomography and TEM (Paper 3) have shown that the formation
of κ-carbide occurs via concurrent ordering and spinodal decomposition and that the
distribution of phosphorus is homogeneous between the κ-carbide and austenite and
therefore long range diffusion of phosphorus is not involved and hardening during aging
is the result of an increase in the strain amplitude as the concentration amplitude of
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carbon increases during spinodal decomposition.

Additionally, TEM observations

show a high number density of ordered domains corresponding to the E21 κ-carbide
structure that with time coalesce into cuboidal particles aligned along elastically soft
<100> directions in the austenite matrix. These results suggest that the volume fraction
of κ-carbide is set during the early stages of transformation and that the kinetics may be
more accurately modeled using a coarsening model involving volume diffusion of mainly
carbon. In fact, for diffuse transformations such as in spinodally decomposing systems,
there is often no energy barrier to nucleation in framework of classical nucleation and
growth theory as modeled by the Avrami approach. Sato et al.22 studied the kinetics of
the growth of the wavelength of spinodal decomposition in a Fe-30Mn-9Al-0.9C
(0.016P) alloy utilizing XRD and electron diffraction. The growth of the wavelength of
the modulated structure during spinodal decomposition was shown to fit a coarsening
model according to the following.

(1)

Where λ0 is the initial wavelength and λ is the wavelength at a time t.
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Coarsening of the spinodally decomposing structure should have an Arrhenius
relationship with temperature corresponding to the following relationship.

(2)

Where A is a constant, t is time, Q is the activation energy for coarsening, and T is
temperature. Future studies will use a combination of resistivity measurements and x-ray
diffraction experiments to model kinetics of κ-carbide precipitation in Fe-Mn-Al-C alloys
with respect to silicon and phosphorus. Additionally, Fourier transforms of the full
LEAP reconstructions will be used in combination with phase field modeling and
experimental results to further advance the knowledge of phase transformations in FeMn-Al-C steels.
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APPENDIX: DYNAMIC FRACTURE TOUGHNESS CALCULATIONS
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The following is a calculation procedure developed by Schindler54 to determine the
dynamic J-R curve using a single specimen technique. Table A1 lists the required
experimental parameters in reference to the DFT test specimen shown in Figure A1.

Table A1. Experimental parameters used in the Schindler54 method for calculating DFT
Ter
Discription
Units
m
W
Specimen width
mm
b0
Unbroken ligament
mm
a0
Initial crack size
mm
B
Specimen thickness
mm
η
Shape factor
none
Δam
Crack extension at max load
mm
Emax
Energy consumed at max load
J
Etot
Total energy
J
Fmax
Max force
N

Figure A1. The geometry of the DFT specimen as per the Shindler4 method consists of a
Charpy-type test bar which has been fatigue pre-cracked in three point bending.
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Phase I of the J-R curve is called the J controlled region and is limited to ∆a<∆am. Phase
I includes the beginning of loading, crack tip blunting, crack initiation, and first stage
propagation. Phase I is calculated by the power-law relationship as given in Equation (1).
In Equation (1) C and p are material dependent parameters and ∆a<∆am.

(1)

Phase II is essentially stable tearing or crack growth and is governed by the crack tip
opening angle, CTOA, which is assumed to be constant. The Phase II portion of the J-R
curve is given by the following relationship.

(2)

where Jmp is analogous to the plastic contribution of J evaluated at maximum load as
given by Equation (3) and s2 is a material parameter given by Equation (4). For a
complete derivation of these equations, one should consult Schindler54

(3)

(4)
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In the former equations, η is a shape factor that is dependent on the specimen geometry
and initial crack size. For deeply cracked specimens, η is given by the following
relationship.

for

(5)

The material parameters C, Δam, and p depend on the experimental energy inputs
obtained from the instrumented load vs. displacement curve and are calculated according
to Equations (6), (7), and (8).

(6)

(7)

(8)

The resulting equations for phase I and II are plotted verses crack extension to obtain the
required J-R curve. The dynamic fracture toughness is then determined from the
calculated curve using a 0.2 mm offset method similar to the evaluation of the quasistatic
case given in ASTM E813. The intersection of the 0.2 mm offset line and the calculated
J-R curve gives the value of J1d. The slope of the line, s1, is given by Equation (9) which
is equivalent to three times the dynamic flow stress, 3σfd.

(9)
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